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a b s t r a c t 

A core–shell microstructure represents an approach to achieve superior mechanical properties in alloys 

through its distinctive architecture, typically developed in powder metallurgy processing. In the present 

study, an integral core–shell structure has achieved in a cast Ni–based high entropy alloy through a 

straightforward thermo–mechanical processing (TMP) approach, including hot rolling and heat treatment. 

Inspired by the formation of a necklace structure during the hot deformation, we employed hot rolling 

to induce bulged grain boundaries in coarse grains. Subsequent heat treatment constrained the growth of 

these bulged regions through B2 precipitate formation, leading to the stabilization of the integral core–

shell structure, where the deformed grains form the core, and the bulged grains form the shell. The 

significant synergistic hardening from the microstructural heterogeneity of the integral core–shell struc- 

ture improves strain hardening in the TMP-processed sample. The integrated TMP approach, combined 

with alloy design, enables the evolution of integral core–shell structures in cast high entropy alloys, sig- 

nificantly improving material properties without the complexities of powder metallurgy. 

© 2025 Published by Elsevier Ltd on behalf of The editorial office of Journal of Materials Science & 

Technology. 
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. Introduction 

High-entropy alloys (HEAs) have emerged as a revolution- 

ry class of materials, characterized by their unique composi- 

ion, which includes more than four principal elements at high 

oncentrations ranging from 5% to 35% [ 1 , 2 ]. This distinctive 

omposition yields exceptional mechanical properties, with many 

tudies demonstrating homogeneous microstructures reinforced by 

ombined with precipitation strengthening [ 3 , 4 ], transformation- 

nduced plasticity [ 5–7 ], and twinning-induced plasticity [ 8–10 ]. 
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hese mechanisms position HEAs as promising candidates for var- 

ous engineering applications. However, achieving an optimal bal- 

nce between strength and ductility remains a critical challenge for 

EA systems. To address this issue, the exploration of microstruc- 

ural engineering has led to an increased interest in heteroge- 

eous structures, including multimodal [ 11 , 12 ] and bimodal grain 

ize distributions [ 13 , 14 ], eutectic lamellar structures [ 15 , 16 ], gradi-

nt structures [ 17 , 18 ] achieved through surface plastic deformation 

echnique, and core–shell structures [ 19 , 20 ] fabricating via pow- 

er metallurgy. Compared to homogeneous structures, these het- 

rogeneous structures lead to the accumulation of additional geo- 

etrically necessary dislocations (GNDs) at the interfaces of hard 

nd soft domains, thus developing significant back stress. These 

nhancements improve the strength and capacity for strain hard- 
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ning, a phenomenon known as hetero-deformation induced (HDI) 

trengthening [ 21–23 ]. 

Among these heterogeneous structures, core–shell structures 

re notable for their isotropic microstructure, where coarse core 

nd fine shell grains are systematically organized into a three- 

imensional core–shell configuration, featuring a bimodal grain 

ize distribution. This structural arrangement promotes uniform 

eformation across the material, contributing the stable deforma- 

ion, in contrast to localized deformation in anisotropic heteroge- 

eous materials [ 23 ]. A dense interface boundaries between coarse 

nd fine grains inherent in the unique microstructure solve the 

roblem of the strength-ductility trade-off because it exhibits su- 

erior ductility and enhanced HDI strengthening [ 22 , 23 ]. For in- 

tance, Li et al. [ 19 ] introduced a method to optimize the strength

nd ductility of the harmonic structure of an Fe50 Mn30 Co10 Cr10 

EA prepared by powder metallurgy (PM) through controlled me- 

hanical milling and sintering. Optimization of the shell region 

raction to 70% was found to result in a twofold increase in yield 

trength while maintaining comparable ductility compared to the 

omogeneous structure [ 19 ]. 

Although core–shell structures yield excellent mechanical prop- 

rties, their fabrication has generally been confined by the limits 

f the milling and sintering processes utilized in PM [ 19 , 20 , 24 ].

owever, PM processing faces challenges in scaling up and subse- 

uent manufacturing, necessitating the development of strategies 

o create harmonic structures in cast alloys, which are the most 

ommonly employed in industrial applications. Although research 

n this area is limited, a few studies have been tried. For exam- 

le, Du et al. [ 25 ] acquired a cast alloy (Co34.46 Cr32.12 Ni27.42 Al3 Ti3 ) 

here precipitates at the grain boundaries, acting as a shell. 

owever, the density of these precipitates led to localized 

tress concentrations, ultimately resulting in a strength-ductility 

rade-off. 

Another approach involves dynamic recrystallization (DRX) to 

ealize a necklace structure along grain boundaries during the early 

o middle stages of hot deformation, particularly in Fe/Ni-based al- 

oys with low-to-medium stacking fault energy (SFE). This process 

nvolves strain-induced grain boundary migration (SIBM), where 

ulged grains form due to strain gradients between grains [ 26 ], re- 

ulting in a necklace structure. Continuous strain leads to growth 

ccidents that inhibit the bulged grain growth, and sustain the cy- 

le of new grain formation, consuming the entire original grains 

 27–29 ]. Although the necklace microstructure is typically transient 

uring hot deformation and may have limited practical applica- 

ion in engineering materials due to challenges in scaling up, it 

nspires the development of a core–shell structure from the cast al- 

oys. Controlling precipitation along the boundaries and stabilizing 

he SIBM in cast high-entropy alloys offers a promising strategies 
o form core–shell structure. e

Fig. 1. (a) 900 °C isothermal pseudo ternary phase diagram of Alx –Tiy –(Ni39.77 (F

214
In this study, we demonstrate that an integral core–shell struc- 

ure can be achieved in cast alloy through careful designs of the 

lloy composition and TMP. We utilized SIBM to form the bulged 

egion as a shell and rely on the precipitate pinning effect to con- 

train the bulged region growth. The process of the unique core–

hell structure was investigated for each TMP, and the deformation 

echanism of the integral core–shell structure and the role of the 

recipitates are discussed in detail. 

. Experimental section 

.1. Design of alloy composition and thermo-mechanical process 

The Ni–HEA, with a composition of Ni35 (FeCoCr)53 Al7 Ti5 at.% 

nd the TMP strategy were carefully designed. Computational ther- 

odynamic calculations were employed to predict and determine 

he phase types and fractions that were compatible with those 

f our design strategy. The isothermal pseudo–ternary phase dia- 

ram at 900 °C and the equilibrium phase fraction, with tempera- 

ure calculated by Thermo-Calc 3.0 using TCHEA database from the 

MSE group [ 30 ], are shown in Fig. 1 . In Ni-based HEAs strength-

ned by the L12 phase, a high fraction of L12 is preferred due to 

ts potential to offer a compelling balance between strength and 

uctility. Conversely, brittle phases with a B2 structure are usu- 

lly undesired owing to their tendency to form coarse precipitates 

t the grain boundaries, leading to premature fracture. However, 

n our alloy system, the B2 precipitate is designed to play a criti- 

al role in constraining the growth of bulged grains, thereby con- 

ributing to the stability of the core–shell structure and mechan- 

cal stability of the alloy. The selection of the alloy composition 

as guided by an isothermal pseudo–ternary diagram at 900 °C, 

s depicted in Fig. 1 (a). An increase in the Al/Ti ratio above 1 in-

uces not only a high volume fraction of L12 precipitates but also 

eads to the formation of B2 precipitates [ 31 , 32 ]. A high fraction

f Ti leads to segregation at the grain boundaries during casting 

 33 ]; thus, a composition of 7 % Al and 5 % Ti was chosen to avoid

rain boundary segregation. Fig. 1 (b) presents a phase diagram of 

he Ni–HEA. For the TMP strategy, hot rolling was performed at 

200 °C, focusing on the single FCC phase region to achieve coarse 

rains and accumulate the requisite strain for SIBM. Then, it was 

ollowed by carefully controlled heat treatment at 900 °C, in which 

he formation of the highly brittle sigma phase was avoided, and 

 minor fraction of B2 and a high fraction of L12 precipitates were 

btained. Finally, an additional aging process at 600 °C was con- 

ucted to enhance the mechanical performance through additional 

ontrol of the microstructure, particularly focusing on the increase 

n the volume fraction of L12 precipitates and expansion of the 

ulged region, which are vital to understanding the microstructural 

volution. 
eCoCr)60.23 )100–x –y and (b) phase diagram of Ni35 (FeCoCr)53 Al7 Ti5 Ni–HEA. 
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Fig. 2. Synchrotron XRD patterns of the HR, A900, and A900 + AG samples, indicat- 

ing the presence of FCC with L12 and B2 structures. The XRD results are normalized 

with an FCC (111) plane peak set with a reference intensity 1. 
.2. Material preparation 

A Ni35 (FeCoCr)53 Al7 Ti5 (at%) Ni-based HEA was fabricated 

sing vacuum induction melting (MC100V, Indutherm) with 

ure metal ( > 99.99 wt%) under an argon atmosphere. A 

0 mm × 35 mm × 7 mm rectangular ingot was subjected to a 

omogenization treatment at 1200 °C for 12 h. Subsequently, the 

ngot was hot–rolled to a final thickness of 1.5 mm from 7 mm, 

orresponding to a total thickness reduction of 78.5%, at a temper- 

ture of 1200 °C. The rolling process was designed such that each 

olling pass resulted in a 15 % reduction in thickness. After every 

wo passes, the alloy was reheated for 5 min at hot rolling tem- 

erature [ 7 ]. The hot-rolled material was annealed at 900 °C for 

 h, water-quenched, and followed by aging at 600 °C for 3 h, af- 

er which it was quenched in water. For ease of reference, the hot- 

olled, annealed, and aged samples were denoted as “HR,” “A900,”

nd “A900 + AG”, respectively. 

.3. Mechanical testing 

Flat dog bone-shaped samples were extracted from the hot- 

olled plate with dimensions of 5.0 mm in length, 2.5 mm in 

idth, and 1.5 mm in thickness. Before tensile testing, the samples 

ere mechanically polished using SiC abrasive paper up to 1200 

rit to remove the oxidation layer. To ensure reproducibility, ten- 

ile tests were performed three times for each condition. Tensile 

ests were conducted using a universal testing machine (Instron 

5582, Instron Corp., USA) at a constant strain rate of 10–3 s–1 , 

sing the digital image correlation (DIC) (ARAMIS M12, GOM Op- 

ical Measuring Techniques, Germany) to measure precise strains. 

IC imaging was employed to analyze the deformed microstruc- 

ure at various local true strain levels ( εtr ) (see Supplementary Fig. 

1 in the Supplementary materials). Although the coarse grain size 

f the samples is approximately 100 μm, the tensile gauge sec- 

ion contains over 18,0 0 0 grains (estimated using cube geometry) 

r approximately 35,0 0 0 grains (assuming spherical grains), ensur- 

ng that the mechanical properties measured are statistically rep- 

esentative of the material. The reliability of the tensile results, 

ncluding yield strength (YS), ultimate tensile strength (UTS), and 

niform elongation, is further supported by reference [ 34 ], con- 

rming the negligible influence of sample size on these mechan- 

cal properties. The loading-unloading-reloading (LUR) tensile tests 

ere conducted using the same equipment as the tensile tests 

o demonstrate the deformation mechanisms of the integral core–

hell structure microstructure and quantify the HDI stress contri- 

ution. Microhardness measurement was performed on A900 sam- 

les using an HM-220B micro-Vickers hardness tester (Mitutoyo, 

apan) on the electro-polished surface. A load of 10 gf was applied 

or a dwell time of 10 s. To ensure reliable data, at least ten mea-

urements were taken for both the shell and core regions. Addi- 

ionally, to minimize potential stress interference from adjacent in- 

entations, indentations were spaced at a distance of at least three 

imes the diagonal length. 

.4. Microstructural characterization 

The microstructural characterization of the Ni–HEA was con- 

ucted in detail. Synchrotron X-ray diffraction (XRD) measure- 

ents were performed on the HR, A90 0, and A90 0 + AG samples

t the 8D beamline of the Pohang Accelerator Laboratory. The 8D 

eamline used an X-ray energy of 16.143 keV and a wavelength 

f 0.768 Å. The scan results for the three annealed samples were 

btained in the 2 θ range of 10 °–45 ° with steps of 0.01 ° and a 

olding time of 0.5 s per step. The convolutional multiple whole 

rofiles (CMWP) method [ 35 ] was employed to evaluate the dis- 

ocation density in the HR, A900, and A900 + AG samples through 
215
-ray line profile analysis. This method involves the direct fitting 

f measured XRD patterns with theoretical functions that account 

or grain size, strain profiles, and background data. By processing 

he entire diffraction pattern, the CMWP method minimizes errors 

ommonly associated with peak separation and instrumental cali- 

ration in traditional profile analysis. The instrumental broadening 

ffect is nullified by the XRD analysis of a standard CeO2 sample. 

The precipitate microstructural characterization was achieved 

sing field-emission scanning electron microscopy (FE-SEM, XL30S 

EG, Philips and JSM-7100, Japan) with energy dispersive spec- 

roscopy (EDS). Electron backscatter diffraction (EBSD) (JEOL 

LTRA-55, Carl Zeiss, Germany) and FE-SEM were used to char- 

cterize the initial and deformed microstructures. The HR, A900, 

nd A900 + AG samples’ microstructures, magnified microstruc- 

ures, and deformed microstructures of the A900 sample were ob- 

ained through EBSD measurement using a step size of 0.4, 0.2, 

nd 0.2 μm, respectively. The results were analyzed by orienta- 

ion imaging microscopy (OIM) collection software (TSL OIM Anal- 

sis 7). The volume fraction and diameter of each type of precip- 

tate were measured from SEM images using the ImageJ software 

1.53e). For XRD and EBSD sample preparation, mechanical polish- 

ng was followed by electropolishing in a solution of 6% HClO4 

nd 94% CH3 COOH. Furthermore, the precipitates and deforma- 

ion behavior of the A900 sample were examined in detail via 

E-transmission electron microscopy (TEM, JEM-2100F, JEOL Ltd., 

apan). The preparation of the specimens for TEM analysis included 

echanical thinning down to a thickness of approximately 70 μm, 

ollowed by further thinning using an electropolishing technique, 

mploying a solution containing 10% HClO4 and 90% CHCOOH at an 

pplied voltage of 20 V at room temperature. Deformed A900 sam- 

les with local true strains of 2% and 12% were prepared through 

he focused ion beam lift-out procedure (SII SMI3050SE, SII Nan- 

technology, Japan). 

. Results 

.1. Microstructure evolution through thermo-mechanical treatment 

Fig. 2 displays the synchrotron XRD patterns of the Ni–HEA 

nder three different conditions. For the HR sample, strong FCC 

eaks were prominent, as well as barely discernible B2 and L12 

eaks, which are believed to have formed during air quenching 

fter hot rolling. The A900 and A900 + AG samples also exhibited 

ronounced FCC peaks, but weakly intense B2 and L1 peaks. A 
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Fig. 3. (a1 , a2 ) Low magnification EBSD IPF map and phase maps, and (a3 , a4 ) high magnification IPF and KAM map of the HR sample. Low magnification IPF, phase maps, 

and grain size distribution plots (b1 –b3 ) for the A900 sample and (c1 –c3 ) for the A900 + AG sample. 
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agnified view of these samples reveals an increase in the peak 

ntensities of B2 and L12 with subsequent heat treatments. 

EBSD analysis was performed to elucidate the microstructural 

orphology resulting from TMP. Fig. 3 provides comprehensive 

aps of HR, A900, and A900 + AG samples. The inverse pole fig- 

re (IPF) map of the HR sample ( Fig. 3 (a1 )) confirms the pres-

nce of nonlinear annealing twins and serrated grain boundaries, 

eflecting the inhomogeneous deformation adjacent to the grain 

nd twin boundaries during hot rolling. The gradient coloring in 

he grains is attributed to the local misorientation induced by 

he inhomogeneous deformation and the localized strain near the 

oundaries [ 36 ]. The phase map in Fig. 3 (a2 ) reveals the existence

f an FCC single phase, which contrasts with the synchrotron XRD 

esult, which suggests the presence of minor B2 and L12 phases; 

hese phases were not detectable during the EBSD analysis be- 

ause of the presence of sub-micron-sized B2 and L12 particles 

maller than the EBSD step size (0.4 μm). The HR sample exhibits 

 typical homogeneous structure with an average grain size of 

25.57 ± 52.63 μm. The kernel average misorientation (KAM) map 

Supplementary Fig. S2) reveals a high dislocation density at the 

rain boundaries, supporting the presence of inhomogeneous de- 

ormation and the localized strain accumulation. Fig. 3 (a3 and a4 ) 

resents an enlarged view of the grain boundaries in the HR sam- 

le, revealing that the grain boundaries develop a serrated config- 

ration and appear rugged, with approximately 1 μm protrusions, 

esembling the teeth of a gear wheel. The KAM map in Fig. 3 (a4 )

hows that the GNDs are locally accumulated adjacent to the grain 

oundaries, providing the driving force for recrystallization. Coarse 

rains with serrated grain boundaries are a typical feature of hot- 

olled structures [ 37 ]. Fig. 3 (b and c) displays the distinctive mi-

rostructures of the A900 and A900 + AG samples, respectively. In- 

erestingly, both samples exhibit unique heterogeneous microstruc- 

ures with expanded bulged regions that form thin shell areas, 

hile the original coarse grains serve as the core, resulting in 

 distinct integral core–shell structure in Fig. 3 (b1 and c1 ). The 
216
early full FCC phase structure with the minor body-centered cu- 

ic (BCC) phase (i.e., ∼0.2% and 0.3% in the A900 and A900 + AG 

amples, respectively) located at the grain boundaries is shown in 

ig. 3 (b2 and c2 ). Thermodynamic calculations, synchrotron XRD 

esults, and TEM analyses confirm that the BCC phase consists of 

2 precipitates. Fig. 3 (b3 and c3 ) indicates that the grain size dis- 

ributions of these samples show a characteristic bimodal distri- 

ution. Both samples maintain coarse regions with grain sizes of 

100 μm. In the A900 sample, the shell region has an average size 

f 10.27 ± 6.90 μm, with an average thickness of 7.73 ± 3.10 μm 

ccounting for 9.20% of the volume fraction. In the A900 + AG sam- 

le, the volume fraction of the shell wall region nearly doubles 

o 17.31%, with the average size of 12.67 ± 8.42 μm and thick- 

ess of 13.11 ± 5.17 μm. During aging, the area fraction of the 

hell wall regions expands; however, their sizes remain relatively 

onstant, effectively maintaining the integral core–shell structure. 

hese findings suggest that the core–shell structure may be further 

anipulated and modified through subsequent heat treatments. 

The traditional core–shell structure consists of multiple coarse 

rains clustering together to form the core, with the coarse grain 

urrounded by a layer of fine grains formed at its grain boundaries, 

xhibiting a bimodal grain size distribution [ 19 , 23 ]. As shown in

he magnified A900 sample ( Fig. 4 ), a coarse grain is enveloped 

y the shell region. More precisely, a single coarse grain consists 

f a central core region and a peripheral shell region, forming 

n integral core–shell structure. During heat treatment, the pre- 

xisting bulged regions formed during hot rolling [ 38 ] expanded 

y intruding into adjacent grains. As these areas expand and over- 

ap, their growth is controlled by the precipitation, forming a 

ymmetric shell region along the prior grain boundary, aligning 

ith the orientation of the opposing coarse grains as discussed 

n Section 4.1 . In addition, the recrystallized grains with random 

rientations are formed occasionally at grain boundaries with suf- 

ciently high dislocation density. A comprehensive exploration of 

he formation mechanism, deformation behavior, and contributions 
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Fig. 4. Magnified A900 image showing the integral core–shell structure. 
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o strain hardening and YS of this unique core–shell structure will 

e further discussed in Sections 4.1 , 4.3 , 4.4 , and 4.5 . 

Fig. 5 (a and b) presents SEM and TEM results of the HR sam- 

les, respectively. The HR sample exhibits grain sizes exceeding 

00 μm, consistent with the EBSD results ( Fig. 3 (a)). Upon mag- 

ification in Fig. 5 (a1 ), the interior grains reveal a highly deformed 

tructure with planar slip bands. Nano-sized L12 precipitates, ap- 

roximately 2 nm in size, are observed in the dark-field image of 

ig. 5 (b1 ), although they exist at a volume fraction of less than 1%. 

 bright-field scanning transmission electron microscopy (STEM) 

mage in Fig. 5 (b2 ) reveals that grain boundary bulging occurred 

etween two adjacent grains during hot rolling, with the bulged 

egion extending into the opposite grain. These regions are sym- 

etrically distributed along the prior grain boundary, as indicated 

y the white dashed line. The dark-field image in Fig. 5 (b3 ), taken 

rom the highlighted area shown in Fig. 5 (b2 ), confirms that region 

 and region a share the same SAED pattern ( Fig. 5 (b2 )), verify-

ng that they belong to the same grain. This bulging process leads 

o the formation of region a. The bulged region is composed of 

ellular-shaped L12 precipitates, as shown in Supplementary Fig. 

3. In contrast, the as-cast sample (see Supplementary Fig. S4) dis- 

lays coarse grains exceeding 1 mm in size and 30 nm spherical 

recipitates dispersed within the matrix. This indicates that the 

ombination of high strain and elevated temperature during hot 

olling led to the dissolution of existing grains and precipitates. 
ig. 5. SEM and TEM analyses of the HR sample: SEM image at various magnifications (a

12 precipitates. (b2 ) Bright-field STEM image at the grain boundary showing bulged gra

attern of (b3 ). Dark-field images were obtained from the red circle spot in the SEAD pat

217
Fig. 6 presents the BSE and SE images of the A900 and 

900 + AG samples, demonstrating the varied morphologies of the 

recipitates in the shell regions. Three distinct types of precipi- 

ates, classified based on their morphology and location, can be 

dentified: (1) Coarse, dark-colored B2 precipitates, measuring ap- 

roximately 20 0–50 0 nm in size, observed at the bulged grain 

oundaries in Fig. 6 (a1 and b1 ). (2) Cellular-shaped L12 precip- 

tates, measuring approximately 10 0–20 0 nm, formed along the 

ulged grain boundaries, as shown in Fig. 6 (a2 and b2 ). Both B2 

nd cellular-shaped L12 precipitates are concentrated in the bulged 

egion, whereas (3) spherical nano-sized L12 precipitates, measur- 

ng 20–30 nm in size, are uniformly distributed throughout the 

hole matrix, as demonstrated in Fig. 6 (b3 and c3 ). 

The growth of all three types of precipitates was pronounced 

n the A900 + AG sample. Notably, a slightly increased fraction of 

2 precipitates is observed in Fig. 6 (b1 ). B2 precipitates nucle- 

te preferentially at grain boundaries, contributing to less than 

% of the total volume, as evidenced by the EBSD phase maps in 

ig. 3 (b2 and c2 ). Cellular L12 precipitation, driven by a discontinu- 

us precipitation mechanism, originates from the solute concentra- 

ion gradient across the grain boundary [ 37 , 39 ]. These discontin- 

ous L12 precipitates preferentially form perpendicular to bulged 

rain boundaries, whereas spherical L12 precipitates, which form 

hrough a continuous precipitation mechanism, remain uniformly 

istributed throughout the matrix [ 40 ]. 

Discontinuous L12 precipitates exhibit more significant growth 

n the A900 + AG sample than in the A900 sample. Regarding the 

ontinuous L12 precipitates, the initial heat treatment at 900 °C 

romoted bulk diffusion and the formation of relatively large con- 

inuous L12 precipitates (diameter: 26.76 ± 8.81 nm, volume frac- 

ion: 6.5%) in the A900 sample. The aging process, which occurred 

t the reduced temperature of 600 °C, ensured that the matrix re- 

ained supersaturated with solute and thus continued to promote 

he precipitation of continuous L12 . However, the growth of the 

recipitate was retarded at a lower temperature, resulting in an 

verage diameter of 30.26 ± 8.20 nm and a significant increase in 

he volume fraction to 20.0%. 

TEM analysis confirmed the structure and chemical composi- 

ion of these three precipitates, as presented in Fig. 7 . The STEM- 

igh-angle annular dark-field (HAADF) imaging in Fig. 7 (a) shows 

ll three distinct types of precipitates. The selected area electron 

iffraction (SAED) pattern in Fig. 7 (a1 ) for the coarse precipitate 
1 ) 200 ×, (a2 ) 1500 ×. (b1 ) Dark-field TEM image in the matrix showing nano-sized 

in boundaries. (b3 ) Dark-field image showing the local area of (b2 ), and (b4 ) SAED 

tern. 
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Fig. 6. SEM microstructures of (a) A900 and (b) A900 + AG at different magnifications: (a1 ) and (b1 ) 4500 ×, illustrating the triple junction; (a2 ) and (b2 ) 10 0 0 0 ×, recrystallized 

fine grains; and (a3 ) and (b3 ) 350 0 0 ×, revealing grain interiors. Images (a3 ) and (a3 ) are SE images. 

Fig. 7. TEM analysis of the A900 sample microstructure: (a1 ) HAADF image and SAED pattern of the B2 structure, (a2 ) corresponding EDS maps, (b1 ) dark-field image and 

SAED pattern of cellular-shaped discontinuous L12 , (b2 ) corresponding EDS maps, and (c1 ) dark-field image and SAED pattern of spherical-shaped continuous L12 and (c2 ) 

corresponding EDS maps. All ordered spots of the precipitates are indicated by dashed-line circles. Dark-field images were obtained from the spot marked with a red circle 

on each SAED pattern. 
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Table 1 

Tensile properties of the Ni–HEA under three conditions. 

Conditions Yield strength (MPa) Ultimate tensile strength (MPa) Uniform elongation (%) Total elongation (%) 

HR 738 ± 8 947 ± 8 31.8 ± 1.3 46.5 ± 4.6 

A900 860 ± 4 1185 ± 1 24.8 ± 0.6 32.0 ± 1.4 

A900 + AG 1029 ± 8 1271 ± 13 23.2 ± 0.4 31.1 ± 1.3 
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eveals a B2 structure. STEM-EDS maps ( Fig. 7 (a2 )) show that the 

i(Al, Ti) B2 precipitates are enriched in Ni, Al, and Ti but depleted 

n Cr and Fe. In contrast, the dark-field images and SAED patterns 

n Fig. 7 (b and c) reveal the discontinuous and continuous Ni3 (Al, 

i) L12 precipitates, respectively. Compared to B2 phase, L12 pre- 

ipitates have higher Ni concentrations, with slight Al and Ti seg- 

egation. Their compositional differences arise from distinct forma- 

ion mechanisms, as summarized in Supplementary Table S1. 

.2. Tensile properties 

The representative engineering stress–strain curves for the HR, 

90 0, and A90 0 + AG samples are depicted in Fig. 8 (a) and summa-

ized in Table 1 . The HR sample had a YS of 738 MPa, a UTS of

47 MPa, and a total elongation of 46.5%. Subsequent annealing of 

he A900 sample resulted in an enhanced YS of 860 MPa and UTS 

f 1185 MPa, and the total elongation reduced to 32.0%. Interest- 

ngly, upon further aging, the YS and UTS of the A900 + AG sam- 

le increased to 1029 and 1271 MPa, respectively, maintaining a 

uctility similar to that of the A900 sample at 31.1%. This strength 

nhancement was achieved without compromising the ductility of 

900 and A900 + AG samples. 

The strain hardening rates as a function of the true strain for 

he three samples are presented in Fig. 8 (b). The HR sample ex- 

ibited a steadily decreasing strain hardening rate and deforma- 

ion behavior that is characteristic of coarse-grained structures 

ominated by dislocation activity [ 41 ]. In contrast, the A900 sam- 

le exhibited a notable uprising in strain hardening rate, peak- 

ng at an impressive 3.4 GPa at a true strain of 12%, which is 

wice that of the HR sample at the same strain level. For the 

900 + AG sample, the initial drop in strain hardening rate was 

ore pronounced compared to the A900 sample. However, it sub- 

equently increased, ultimately reaching a peak strain hardening 

ate of 3.2 GPa, similar to that of the A900 sample. Despite the 

arger initial drop, the A900 + AG sample exhibited a more signif- 

cant SHR increment, demonstrating superior strain hardening ca- 

ability. The notable differences in the strain hardening behavior 

etween the heat-treated A90 0, A90 0 + AG, and HR samples suggest 

he effects of thermal processing-induced microstructural mod- 

fication on the predominant deformation and strain hardening 
echanisms. 

ig. 8. (a) Representative tensile engineering stress–strain curves of Ni–HEA samples. (b) 

amples. 

219
. Discussion 

.1. Integral core–shell structure formation and stability mechanism 

The integral core–shell structure originates from localized 

ulging at the grain boundaries during hot rolling. Subsequent heat 

reatment leads to the simultaneous formation of both core and 

hell regions within a single grain. To elucidate the underlying 

echanism, we characterize the microstructural evolution of the 

ot-rolled and heat-treated samples. 

Hot rolling, which involves thermal and strain energy appli- 

ations, induces dynamic recrystallization and/or recovery. In Ni–

EAs with low to medium SFEs, dislocation climb and cross-slip 

re suppressed, which limits dynamic recovery while favoring dy- 

amic recrystallization [ 29 , 42–45 ]. It was suggested that the for- 

ation of equilibrium grain boundaries is more difficult during hot 

olling due to the lower driving force for forming a low-energy 

oundary structure since the strain energy accumulated during 

ot rolling is lower than that after cold rolling [ 38 ]. Dislocations 

ith the same signs are expected to be pushed against the grain 

oundary due to the localized strain during hot rolling, and ex- 

ra dislocations that sink into the existing boundary may increase 

he local grain boundary energy, producing deformation-distorted 

tructures including grain boundary bulges and steps. The pres- 

nce of grain boundary bulging may suggest that they are non- 

quilibrium boundaries with the extra dislocations of the same 

haracter impinged on the boundary during hot rolling [ 38 , 46 ] 

nd/or the boundaries with the stored energy differentials be- 

ween adjacent grains [ 26 ]. This bulge-forming process ceases 

hen energy equilibrium is achieved, balancing the increased sur- 

ace energy of the bulged boundary with the reduced strain en- 

rgy of the grains [ 26 , 27 ] . As shown in Fig. 5 (b), the forma-

ion of bulged regions is accompanied by the growth of discon- 

inuous L12 precipitates. Additional dislocations are generated in 

he bulged grain-boundary regions (see Fig. 3 (b2 )) to accommo- 

ate the strain mismatch caused by deformation incompatibility 

n the locally heterogeneous region [ 47 ]. This localized deforma- 

ion can drive the growth of bulged regions during further heat 

reatment. 

To analyze the microstructural evolution during the heat treat- 

ent, the sample is subjected to a 10-min heat treatment at 
True strain–stress curves and corresponding strain hardening curves of the Ni–HEA 
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Fig. 9. High magnification EBSD analysis of the HR, 10-min heat treatment at 900 °C, A90 0, and A90 0 + AG samples. Each set includes IPF, phase, and KAM maps: (a1 , a2 , 

and a3 ) for the 10-min heat treatment at 900 °C sample, (b1 , b2 , and b3 ) for the A900 sample, and (c1 , c2 , and c3 ) for the A900 + AG sample. 
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00 °C and subsequently analyzed ( Fig. 9 (a)). The pre-existing 

ulged grain boundaries, which form during hot rolling, expand 

y approximately 5 μm in thickness during annealing (the dashed 

ine in Fig. 9 (a1 )). Two distinct characteristics, indicated by the 

PF map and SEM image in Fig. 9 (a1 ) and Supplementary Fig. 

5(a), are observed within the bulged regions under annealing. Re- 

ion A shows the growth of discontinuous L12 precipitates at the 

rain boundaries, leading to further migration and formation of ex- 

anded bulged regions. Conversely, region B shows constrained ex- 

ansion owing to the presence of B2 precipitates (shown as dark 

articles in Supplementary Fig. S5(a)). The B2 precipitates, rich in 

i–Ti–Al, impose a grain boundary pinning effect, effectively re- 

tricting the expansion of the bulged regions. This phenomenon 

lso causes local depletion of Ni, Ti, and Al within the matrix, thus 

educing the SFE formation of stacking faults—precursor structures 

hat facilitate annealing twin nucleation [ 48 ]. During the bulging 

rocess, variations in stored energy and dislocation rearrangement 

ead to localized misorientation accumulation, resulting in regions 

ith high KAM values, as shown in Fig. 9 (a3 –c3 ) [ 47 ]. 

In the A900 sample in Fig. 9 (b), bulged grains grow sym- 

etrically as they expand from both sides of the grain bound- 

ry (indicated by arrows in Fig. 9 (b1 )). This growth leads to 

he formation of a symmetric shell structure as the bulged re- 

ion extends into the neighboring grains. The B2 precipitates at 

he grain boundary grow to a detectable size (confirmed by the 

hase map in Fig. 9 (b1 )), effectively inhibiting the expansion of 

he bulged regions. Han et al. [ 49 ] performed cellular automata 

odeling to simulate static recrystallization following dynamic 

ecrystallization-assisted bulged grain formation. Similar to our 

ndings, their results demonstrated that pre-existing bulged grains 

ould expand, eventually consuming the original grains and revert- 

ng to a homogeneous structure during static heat treatment. In 

ontrast, our study achieves the formation of an integral core–shell 
220
tructure through precisely engineered alloy design and meticulous 

eat treatment temperature control. 

In the A900 + AG sample aged at 600 °C, the shell region ex- 

anded to 17.3%, nearly twice the fraction observed in the A900 

ample (9.2%). This expansion is attributed to the suppression 

f B2 precipitation and growth at lower temperatures, which in- 

tead promotes the formation of discontinuous L12 precipitates. 

hile B2 precipitates locally at pin grain boundaries during an- 

ealing, the surrounding segments remain free to migrate, pro- 

ucing the characteristic bowed (convex) boundary shape during 

ging. Specifically, migrating grain boundaries associated with dis- 

ontinuous L12 precipitates exhibit a more convex morphology, as 

hown in Fig. 9 (c) and Supplementary Fig. S5(b) and S5(b1 ). 

The convex morphology of the migrating grain boundaries en- 

ances atomic rearrangement and strain relaxation, further in- 

reasing the probability of twin boundary formation [ 48 ], as con- 

rmed by the increased twin boundary density in the expanded 

hell region ( Fig. 9 (a2 –c2 )). At lower temperatures, the pronounced 

ormation and growth of discontinuous L12 precipitates alongside 

rain boundary migration further contribute to shell region expan- 

ion by exerting a dragging effect on pinned boundaries, promoting 

dditional growth. 

Supplementary Fig. S6 presents a low-magnification IPF map 

nd corresponding grain size distributions for the samples an- 

ealed at 900 °C for 10 min and 3 h. The bulged regions mea- 

ure approximately 8.37 ± 5.90 μm and 11.36 ± 8.83 μm in di- 

meter, while their fractions remain at 6.8% and 11.4%, respec- 

ively, indicating that the overall structure remains highly stable 

t this temperature. The rapid formation and growth of B2 precip- 

tates strongly pin the grain boundaries, markedly restricting shell 

egion expansion. In contrast, lower-temperature aging promotes 

he growth of discontinuous L12 precipitates accompanied by grain 

oundary migration, instead of B2 precipitation, ultimately yielding 
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Fig. 10. (a) STEM image of the deformed A900 microstructure at local true strain ( εtr ) 2%, and (b) and (c) high-resolution TEM image of the deformed A900 microstructure 

at εtr 12% (stacking faults indicated by light orange dashed lines and Lomer–Cottrell lock indicated by the orange circle). 
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 shell region nearly twice as large as that of the A900 sample. The 

ombined effect of bulging and controlled precipitation results in 

n integral core–shell structure. B2 and discontinuous L12 precip- 

tates, concentrated along the bulged grain boundaries, effectively 

istinguish the shell and core regions. This unique integral core–

hell structure has been successfully developed by controlling the 

lloy composition and TMP to realize the desired microstructural 

volution. 

.2. Interaction between precipitates and dislocations 

In addition to causing grain-scale heterogeneous deformation, 

he precipitates in the A900 and A900 + AG samples influence 

he deformation behavior. We conducted TEM analyses of the 

eformed microstructure of the A900 sample to investigate the 

anoscale interactions between L12 precipitates and dislocations, 

s well as the overall deformation behavior. The STEM images ob- 

ained at 2% local true strain ( εtr ) in Fig. 10 (a) show numerous

islocation pairs, which reflect the splitting of a perfect disloca- 

ion into two partial dislocations accompanied by the formation 

f an anti-phase boundary (APB). These pairs (highlighted by or- 

nge arrows) suggest that a shearing mechanism is active within 

he superlattice structure of the spherical L12 precipitates [ 50–52 ], 

specially when the diameter of the precipitate is similar to or ex- 

eeds the spacing between the dislocation pairs [ 50 ]. The high- 

esolution TEM images at 12% εtr are shown in Fig. 10 (b and c), 

howing a stacking fault extending along the {111} plane from the 

CC matrix to the L12 precipitate. This observation indicates that 

islocations penetrate the L12 precipitates, demonstrating a shear- 

ng mechanism that aligns with the deformation behavior observed 

t 2% εtr . The shearing mechanism of L12 precipitates is known to 

nhance ductility and strain hardening by allowing dislocations to 

raverse the precipitates without creating critical stress concentra- 

ions [ 53 , 54 ]. In contrast, B2 precipitates at the shell-region grain

oundaries (20 0–50 0 nm) act as dislocation accumulation sites, 

reating local stress concentrations that can potentially facilitate 

rack initiation [ 55 ]. Fig. 10 (c) illustrates the formation of a Lomer–

ottrell lock at the intersection of two stacking faults; it effectively 

ins dislocations from several directions, thereby hindering their 

ovement and leading to a significant dislocation pile-up. Such 

islocation activity constitutes a typical deformation behavior in 

i–based HEAs and superalloys [ 56 , 57 ]. TEM and EBSD analyses re-

eal no deformation twin in the present alloy. 

.3. Origin of the improved yield strength 

Compared to the YS of the HR sample ( ∼738 MPa), the A900 

ample exhibits an increased YS ( ∼860 MPa). Subsequent aging at 
221
0 0 °C (A90 0 + AG sample) leads to an additional enhancement, re- 

ulting in a YS of approximately 1029 MPa. The improvement in 

S can be attributed to microstructural evolution (i.e., grain size 

istribution, dislocation density, and precipitates). To quantify the 

ynergistic effect of these factors, we quantify the grain boundary 

trengthening, Taylor strengthening, and precipitation strengthen- 

ng of each sample. 

Eq. (1) for grain boundary strengthening [ 58 , 59 ] is as follows: 

gb = Ky d
−1 / 2 (1) 

here Ky is the Hall–Petch strengthening coefficient, here assumed 

o be 516 MPa μm–1/2 for the FCC-structured Ni32.8 Fe21.9 Co21.9 

r10.9 Al7.5 Ti5.0 , as reported by Fan et al. [ 60 ], and d is the aver-

ge grain size. The HR sample exhibits a uniform grain size distri- 

ution, averaging 125 μm, resulting in a grain size contribution of 

pproximately 46.15 MPa. 

In the A900 and A900 + AG samples, grain growth was observed. 

owever, instead of forming low-energy hexagonal shapes, the 

rains have grown into irregular shapes due to the localized ex- 

ansion of the bulged regions from the original grains. It is as- 

umed that the high density of B2 precipitates and grain/twin 

oundaries within the bulged regions could effectively impede dis- 

ocation movement between the bulged and original regions. Ad- 

itionally, B2 precipitates nucleated at grain boundaries are ex- 

ected to exert a pinning effect, restricting the growth of the shell 

egion and maintaining a finer shell grain size. Therefore, by as- 

uming a bimodal grain structure, we calculated the maximum 

trengthening contribution that our integral core–shell structure 

ould achieve. The bimodal grain size distribution model is utilized 

s follows ( Eq. (2) ). 

σgb = Ky ·
(
d 

−1 / 2 

s 
· Vs + d 

−1 / 2 
c · Vc 

)
(2) 

here ds represents the average grain size of the shell region 

bulged region), and dc is the average grain size of the core region 

original region). Vs and Vc are the volume fraction of the shell and 

ore regions, respectively. The core region averages 100 μm, while 

he shell regions had grain sizes of 10.27 μm (9.20% volume frac- 

ion) for A900 sample and 12.67 μm (17.31%) for A900 + AG sam- 

le. The contribution of YS from grain boundary strengthening is 

alculated to be 63.60 MPa for the A900 sample and 69.57 MPa 

or the A900 + AG sample, indicating a slight enhancement due to 

he presence of the shell region. Although the initial microstruc- 

ure features coarse grains over 100 μm, with the shell region grain 

ize around 10 μm, the relatively low volume fraction of the shell 

egion limits the YS enhancement effect from the bimodal grain 

ize distribution, making it not significant. 
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Fig. 11. (a) LUR true plastic stress–strain curve of the A900 and A900 + AG samples, (b) evolution of σ HDI and σ eff , measured from the hysteresis loops in (a), and (c) back 

stress contribution. 
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The Taylor strengthening mechanism is described by the follow- 

ng Eq. (3) [ 61 ]: 

σdis = MαGbρ1 / 2 (3) 

here M is the Taylor factor (3.06 for FCC materials), α is a con- 

tant related to material deformation, G is the shear modulus, 

 is the Burgers vector ( = 0.254 nm, measured from the syn- 

hrotron XRD results), and ρ is the dislocation density (6.51 ×1014 

–2 for the HR sample, 4.32 ×1014 m–2 for the A900 sample and 

.96 ×1014 m–2 for the A900 + AG sample). The dislocation den- 

ity is derived from the synchrotron XRD results using the CMWP 

ethod. The Taylor strengthening contributions are 319.35, 260.20, 

nd 249.11 MPa for the HR, A900, and A900 + AG samples, respec- 

ively. The annealing and aging processes do not significantly affect 

islocation density. 

The YS differences between the HR, A90 0, and A90 0 + AG sam- 

les are primarily attributed to variations in the precipitation 

trengthening. Particularly, the strengthening is significantly influ- 

nced by the volume fraction of spherical L12 precipitates. Since 

he B2 precipitates account for less than 1% of the total volume, 

heir direct contribution to precipitation strengthening is negli- 

ible. Synchrotron XRD in Fig. 2 and TEM in Fig. 5 (b1 ) analyses 

lso reveal a minimal presence of these precipitates in the HR 

ample, indicating negligible precipitation strengthening. In con- 

rast, the A900 and A900 + AG samples exhibit enhanced precip- 

tation, with spherical L12 precipitates measuring approximately 

0 nm at volume fractions of 6.5% and 20.0%, respectively. In L12 - 

trengthened Ni-based HEAs, ordering strengthening is the pre- 

ominant mechanism when the size of the precipitates is below 

5 nm [ 62 , 63 ]. Details on the calculation of the critical radius for

etermining the dominant precipitation strengthening mechanism 

re provided in Supplementary Fig. S7 and the Supplementary Ma- 

erials. This process involves the formation of APBs, which critically 

ffect strengthening as dislocations shear the precipitates, and is 

escribed quantitatively by the following Eq. (4) [ 64 ]: 

σppt = M · 0 . 81

(
γAPB 

2 b 

)(
3 π f 

8 

)1 / 2 

(4) 

here γAPB is the APB free energy of the precipitate ( = 0.12 J/m2 

rom Ni-based superalloy [ 65 ]), and f is the volume fraction of the

12 precipitate. The impact of this shearing mechanism is quanti- 

atively significant, contributing 161.83 and 283.64 MPa to the YS 

f the A900 and A900 + AG samples, respectively. 

Based on the grain boundary strengthening, Taylor strength- 

ning, and precipitation strengthening theories, the YS contribu- 

ions for the HR, A900, and A900 + AG samples are 361.6, 479.1, and

95.3 MPa, respectively. The theoretical differences in YS between 

he HR and A900 samples and between the HR and A900 + AG 

amples are calculated to be 117.5 and 233.6 MPa, respectively. 

hese values are close to the respective experimental values of 

22 and 291 MPa, illustrating the successful quantification of the 

S enhancing factors that arise during microstructural evolution. 
222
he primary contribution to the observed differences in YS among 

hese samples primarily stems from the precipitates, confirming 

heir significant role in mechanical strengthening. 

.4. Hetero deformation-induced strengthening of the integral 

ore–shell structure 

The integral core–shell structure of the A900 and A900 + AG 

amples exhibits excellent strain hardening behavior due to a 

eterogeneous deformation mechanism, primarily driven by HDI 

trengthening. In this mechanism, the pile-up of GNDs at interfaces 

etween regions contributes to strain hardening. To quantify this 

ffect, load–unload–reload (LUR) tests were conducted to calculate 

he HDI stress ( σ HDI ) and effective stress ( σ eff). Fig. 11 presents the

UR test results for both the A900 and A900 + AG samples, showing 

ncreasingly pronounced hysteresis loops with strain. The σ HDI and 

eff values are derived using Eq. (5) [ 66 ], 

HDI = 

σr + σu 

2 

(5) 

here σ r and σ u represent the yield stresses during reload- 

ng and unloading, respectively; σ eff is determined by subtract- 

ng σ HDI from the flow stress ( σ f ) for each applied strain [ 66,67 ].

t 16% true strain, the A900 sample exhibits a σ HDI of 833 MPa, 

ore than twice the value of σ eff with a σ HDI / σ f ratio of 0.62—

ubstantially higher than values reported in previous studies on 

ther heterostructure materials [ 68–72 ]. This demonstrates the en- 

anced back stress strengthening effect of the core–shell structure. 

n the A900 + AG sample, σ HDI exceeds 1 GPa, with a σ HDI / σ f ratio 

veraging ∼0.67. This suggests that the A900 + AG sample exhibits 

ven greater HDI strengthening, attributed to its nearly doubled 

hell fraction due to its increased thickness compared to the A900 

ample, while maintaining a similar shell diameter. The increased 

hell fraction enhances dislocation accumulation in the shell and 

ile-up at the boundary, reinforcing strain partitioning and improv- 

ng strain hardening. 

.5. Strain hardening behavior of the integral core–shell structure 

Heterogeneous deformation behavior is typically associated 

ith dislocation pile-up at interfaces due to differences in disloca- 

ion mobility and microstructural constraints [ 73 ]. In this alloy, the 

atrices of the core and shell regions exhibit a hardness difference 

Supplementary Fig. S9), which becomes more pronounced during 

eformation. The coarse-grained core region, containing shearable 

ontinuous L12 precipitates, provides minimal resistance to dislo- 

ation motion, allowing dislocations to move easily. On the other 

and, the shell region—strengthened by non-shearable B2 and dis- 

ontinuous L12 precipitates, as well as abundant grain, phase, and 

win boundaries—acts as a strong obstacle to dislocation move- 

ent. These features lead to an increase in both geometrically 

ecessary dislocations (GNDs) as well as statistically accumulated 
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Fig. 12. ECCI and EBSD analyses of the deformed microstructure of the A900 sample at various εtr . Each set includes ECCI images of (a1 –d1 ) core and (a2 –d2 ) shell and 

interface, and (a3 –d3 ) KAM and (a4 –d4 ) phase maps at triple junction: (a) at 5% εtr , (b) at 10% εtr , (c) at 15% εtr , and (d) at 20% εtr . 
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islocations (SSDs), promoting HDI strengthening and strain par- 

itioning. Additionally, B2 precipitates play a dual role: (1) sta- 

ilizing the core–shell structure through suppression pinning of 

ulged grain growth and boundaries, and (2) acting as strong dis- 

ocation barriers during deformation, contributing to back stress 

ardening and overall mechanical performance. Moreover, the ir- 

egular morphology and associated internal stress in the shell pro- 

ote GND accumulation [ 47 ], further enhancing HDI strength- 

ning by intensifying dislocation interactions at the core–shell 

nterface. 

ECCI analysis was performed to examine the deformation mi- 

rostructure of the A900 sample at true strain εtr levels of 5%, 10%, 

5%, and 20%, focusing on both the core and the core–shell inter- 

ace regions. Fig. 12 (a1 –d1 ) shows that planar slip lines progres- 

ively develop in the core region; however, their contribution to 

train hardening remains limited in the absence of strong barriers 

o dislocation motion [ 74 , 75 ]. At 5% εtr ( Fig. 12 (a2 )), planar primary

lip bands are visible across the grain interiors, except in regions 

ear grain boundaries. On the other hand, at 10% εtr ( Fig. 12 (b2 )), 

econdary slip lines as well as the planar primary slip lines are 

bserved, even in grain interiors far from grain boundaries. In low- 

o-medium SFE FCC alloys such as Ni-Fe-Co-Cr alloys, primary slip 

ominates at low strains due to restricted cross-slip, leading to 

hickening of planar slip bands and an initially low strain harden- 

ng rate [ 74 ]. This effect is particularly pronounced in large-grained 

aterials [ 75 ]. In planar slip alloys, secondary slip typically acti- 

ates only after primary slip fills the grain interior and finds no 

asier path, developing stage II hardening after the initial stage of 

ow hardening rate [ 74 , 75 ]. The HR sample, composed of coarse

rains, exhibits a similar planar slip-dominant deformation mode 

 Fig. 8 (b)), which explains its relatively low strain hardening ca- 

acity. Within the core region, slip remains primarily confined to 
223
ell-defined slip planes, allowing dislocations to move relatively 

asily. 

However, Fig. 12 (a2 –d2 ) shows pronounced slip activation near 

he core–shell interface, where secondary slip planes emerge to 

ccommodate slip inhomogeneity adjacent to the shell-region 

oundaries, leading to the formation of significant geometrically 

ecessary dislocations and dislocation pile-ups. In contrast, the 

hell region exhibits significantly reduced dislocation activity at 

ow strains ( Fig. 12 (a2 –b2 )), as strong barriers such as B2 and dis- 

ontinuous L12 precipitates, along with grain and twin boundaries, 

estrict dislocation motion. 

To further validate the strain partitioning observed in the ECCI, 

BSD was conducted at εtr of 5%, 10%, 15%, and 20% of the A900 

ample ( Fig. 12 (c, d)). The KAM value, initially 0.485 ° ± 0.549 ° at 

% εtr , increases to 0.967 ° ± 0.7113 ° at 20% εtr , providing evidence 

f continuous GND accumulation with increasing strain. The rela- 

ionship between KAM and GND density is given by [ 76 ], 

GND =
2 θ

ub 
(6) 

here u is the step size (150 nm), b is the magnitude of the Burg-

rs vector, and θ is the average local misorientation angle mea- 

ured in KAM maps. 

At 5% εtr in Fig. 12 (c3 ), the KAM value remains largely un- 

hanged, particularly in the region near B2 precipitates and 

rain/twin boundaries, where KAM values show only a slight in- 

rease. As deformation progresses, these regions exhibit a signifi- 

ant and continuous increase in KAM values ( Fig. 12 (c3 , d3 )), con- 

rming their role as major dislocation barriers that promote dislo- 

ation storage associated with GND pile-ups and strain partition- 

ng. The lattice mismatch between cellular-shaped discontinuous 

1 precipitates and the FCC matrix increases local strain energy, 
2 
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hich enhances dislocation interaction and promotes GND accu- 

ulation in the shell [ 77 ]. The increasing KAM values at the core–

hell interface further indicate that GND accumulation accommo- 

ates strain incompatibility between the core and shell regions. 

otably, while ECCI observations confirm active slip in the core, 

hey also suggest that planar slip in the core is primarily accom- 

odated through well-defined planar slip bands, allowing disloca- 

ions to move with minimal lattice rotation and misorientation ac- 

umulation [ 78 ]. 

The increased strain hardening in A900 + AG sample is primar- 

ly attributed to its enhanced contribution of back stress harden- 

ng, as shown in Fig. 11 . The increased shell fraction in this sam-

le is linked to the greater density of grain boundaries and B2 

recipitates, which enhance dislocation pile-up and GND accumu- 

ation. Additionally, irregular grain boundaries contribute to the 

eneration and accumulation of GNDs, leading to a pronounced 

evelopment of greater back stress. These findings confirm that 

he increased shell fraction, stabilized by abundant irregular grain 

oundaries and precipitates, plays a dominant role in improving 

train hardening within the integral core–shell structure. 

The initial strain hardening rate in the A900 and A900 + AG 

amples is primarily influenced by the dominance of planar slip at 

ow strains, a characteristic behavior of low-to-medium SFE alloys 

here cross-slip is limited [ 74 ], particularly dominated in large- 

rained materials [ 75 ]. In the A900 + AG sample, this effect is fur-

her intensified by the depletion of Ni, Ti, and Al due to the ad- 

itional B2 and L12 phases precipitation during aging. This com- 

ositional change further lowers the SFE of the matrix, promot- 

ng planar slip while restricting secondary slip activation at low 

trains [ 79–81 ]. However, once the grain interior becomes satu- 

ated with primary slip dislocations, the strain hardening rate in- 

reases significantly due to the activation of secondary slip, facil- 

tated by the increased flow stress and the stress concentration 

nduced by grain and/or shell boundaries [ 74 , 75 ]. Previous stud- 

es have demonstrated that reducing microstructural length scales 

nd activating secondary slip systems significantly enhance strain 

ardening [ 74 , 75 ]. 

In the early stages of deformation, dislocation pile-up at B2 

recipitates and grain boundaries induce back stress hardening, 

hile GND accumulation at the core–shell interface compensates 

or strain partitioning. The irregular shell morphology, stabilized by 

2 pinning, promotes additional slip activation. This accommodates 

train inhomogeneity and facilitates strain partitioning, leading to 

nhanced GND accumulation at interfaces. This mechanism further 

nhances strain hardening in the integral core–shell structure. 

. Conclusion 

This study reports the successful development of an integral 

ore–shell structure in a cast Ni–HEA through precise alloy com- 

osition design and TMP. The well-defined core–shell configu- 

ation, featuring an isotropic grain distribution, effectively ad- 

resses the strength–ductility trade-off typically encountered in 

EAs. The bulged regions, acting as shells around coarse grains, 

llow uniform deformation while enhancing strain hardening ow- 

ng to HDI strengthening. The presence of B2 and L12 precipi- 

ates in the bulged region further improves the mechanical sta- 

ility of the alloy. During deformation, precipitates and grain/twin 

oundaries contribute to dislocation pile-up, leading to deforma- 

ion incompatibility with the core region and significantly enhanc- 

ng back stress strengthening. The integral core–shell structure 

eaches strain hardening rate of ∼3.4 GPa. Additionally, our find- 

ngs indicate that the scalability challenges of traditional PM pro- 

esses, associated with the production of core–shell structures in 

EAs, can be mitigated through casting and targeted TMP. Future 

ork will focus on optimizing mechanical properties by precisely 
224
ontrolling TMP parameters to manage the shell fraction and size, 

hereby advancing the potential for industrial-scale applications of 

ast HEAs. 
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