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ABSTRACT

As-hot-rolled medium-entropy alloys (MEAs) with unevenly distributed grain sizes of face-centered cubic
grains exhibit better yield strength without uniform elongation loss compared to cold-rolled and an-
nealed ones. Successive operation of dynamic recrystallization (DRX) during several hot rolling passes
leads to a wide range of grain sizes from submicrons to tens of micrometers due to the grain growth
after nucleation: early recrystallized grains are coarser than recently recrystallized ones. Not only the
grain size but internal dislocation density of the recently recrystallized grain is low. During the tensile
deformation of the hot-rolled MEAs at -196 °C, dislocation pile-ups in the relatively soft and fine DRX
grains enhance yield stress and hetero-deformation-induced strain hardening. Thanks to the enhanced
yield stress of the as-hot-rolled MEAs, stress-induced martensitic transformation easily occurs. Notably,
partially DRXed MEAs hot-rolled at 800 °C have lower yield stress than fully DRXed ones, hot-rolled at
900 and 1000 °C. This is attributed to the softening effect of the stress-induced body-centered cubic
martensitic transformation in unrecrystallized coarse grains prior to the yielding, which lowers the yield
stress of the partially DRXed ones. After yielding, the martensitic transformation facilitates strain hard-
ening and early necking is precluded. This study presents a fresh outlook on the uneven distribution of
grain sizes by hot rolling beneficial to mechanical responses of uniform elongation of ~45% despite the

as-rolled states with an advantage of simplified thermo-mechanical processes.
© 2023 Published by Elsevier Ltd on behalf of The editorial office of Journal of Materials Science &
Technology.

1. Introduction

system [4]. It presents various desirable physical properties, includ-
ing tensile properties [1,5], fracture toughness [1,6], corrosion re-

Multi-principal element alloys (MPEAs), which extend conven-
tional alloying methods of adding various sub-elements to the
main element, have been numerously investigated in the past
decade [1-3]. The origin of the MPEAs began with an equiatomic
CoCrFeMnNi alloy called high-entropy alloy (HEA) with the maxi-
mized configurational entropy of mixing in the five-element alloy
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sistance [7], and antifouling properties [8], owing to four core ef-
fects of HEAs [9]. However, the goals of material properties are un-
limited, so the efforts to achieve them always remain never-ending
tasks for material scientists.

In order to upgrade the strength and price competitiveness of
the MPEA, a kind of ferrous medium-entropy alloy (FeMEA) with
an increased Fe content has been introduced with the conventional
processes of cast, rolling, and annealing [10,11]. The lowered phase
stability of face-centered cubic (FCC) matrix due to the increase in
the Fe composition led to deformation-induced phase transforma-
tion to body-centered cubic (BCC) or/via hexagonal close-packed
(HCP) phase by a quasi-static tensile test at liquid nitrogen tem-
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perature [11]. The transformation-induced plasticity (TRIP) effec-
tively increasing the mechanical properties has been widely stud-
ied throughout the synergetic strengthening mechanisms. For in-
stance, the effects of precipitates [12] and elemental compositions
of the MPEAs [10,11] on controlling the TRIP behavior and inho-
mogeneous grain size distribution from several nanometers to hun-
dreds of micrometers by recently noted metal additive manufactur-
ing (MAM) [13] are fairly high-profile studies. In particular, design-
ing heterogeneous metallic materials induced by heterogeneities of
grain sizes, crystal structures, and/or elemental distributions is one
of the most promising microstructural design strategies for better
mechanical performances [14-16]. The strengthening mechanism
called hetero-deformation-induced (HDI) strengthening originates
from high plastic incompatibility between relatively hard and soft
domains [14-16]. On this wise, the research field of the MPEAs has
expanded from homogeneous single phase to heterogeneous mi-
crostructures with the aid of phase transformation from the single
phase. The heterogeneous microstructures were obtained by con-
trolling the elemental composition of the MPEAs [14] and/or ex-
ploiting adequate alloy manufacturing processes [13,17].

In this regard, the MAM technologies effective in rendering hi-
erarchically heterogeneous microstructures are currently leading
the global manufacturing trend [13,17], whereas the heterostruc-
turing strategies toward wrought materials are still limited. For
example, pre-straining followed by heat treatment in TRIP-based
MPEAs produces heterogeneous grain size distribution by reverse
martensitic transformation, which in turn enhances the mechanical
properties [18]. However, the overall processing history is substan-
tially complicated and difficult to be applied industrially. Recently,
partially recrystallized microstructures have been obtained by heat
treatment of cold-rolled wrought MPEAs for a short time before
full recrystallization occurred [19-21]. The heterogeneity of grain
size distribution between recrystallized and unrecrystallized grains
develops the strain gradients accommodated by the generation of
geometrically necessary dislocations (GNDs), leading to a substan-
tial increase in yield strength [19-21]. The studies of heteroge-
neous microstructures through partial recrystallization are fasci-
nating, but it is questionable whether those can be widely applied
from an industrial perspective because the annealing conditions
satisfying the partial recrystallization are quite limited.

Here, we propose an efficient and simple thermo-mechanical
processing route to obtain the heterogeneous microstructures in
as-rolled wrought MPEAs by hot rolling in place of conventional
cold rolling and annealing. FegyCo5Nij5Crqg (at.%) FeMEA utilizing
the TRIP behavior [10,11] is considered as a good candidate ma-
terial for applying the heterostructuring strategies in a bid to en-
hance the mechanical properties. The microstructural heterogene-
ity is based on several rounds of dynamic recrystallization (DRX)
during the hot rolling. The DRX causes a wide range of grain sizes,
spanning from submicrons to tens of micrometers. This variation
is because the onset of DRX varies among grains, and subsequent
grain growth occurs after nucleation during the hot rolling. In
other words, the early recrystallized grains are coarser than the
recently recrystallized ones. The heterogeneity of the grain size
and high dislocation density in the as-rolled FeMEA result in en-
hanced yield strength and substantial ductility. Above all, the ma-
jor findings of this study are: (i) exceptional uniform elongation
of ~45% despite the as-rolled condition and (ii) anomalous hot
rolling temperature dependence of the yield strength of the as-
rolled FeMEAs stemming from temperature-dependent DRX behav-
ior. Though the DRXed microstructures have been investigated in
other MPEAs [22], to the best of our knowledge, the influence of
the DRX structure on macroscopic mechanical responses such as
the TRIP behavior is new-fangled. This treatise systematically char-
acterizes the hot-rolled microstructures of the FeMEAs using elec-
tron backscatter diffraction (EBSD), electron channeling contrast

235

Journal of Materials Science & Technology 177 (2024) 234-245

imaging (ECCI), and transmission electron microscopy (TEM) and
describes the corresponding remarkable tensile properties.

2. Experimental
2.1. Alloy fabrication and thermo-mechanical processes

Six ingots of the FegyCoqs5NijsCrig (at.%) FeMEAs were cast in
dimensions of 50 mm x 35 mm x 7 mm by vacuum induction
melting (MC100V, Indutherm) with a purity of more than 99.9%
alloying element pellets. The as-cast ingots were homogenized at
1100 °C for 6 h followed by water quenching [10]. Three of the
homogenized alloys were hot-rolled with a thickness reduction ra-
tio of 78.6% from 7 mm to 1.5 mm at 800, 900, and 1000 °C,
and then air quenched. Each rolling pass reduced the thickness
by 15%, and whenever two rolling passes were repeated back and
forth, the alloy was briefly reheated in the furnace for 5 min at
each hot rolling temperature to prevent excessive grain coarsening
[23,24]. These hot-rolled FeMEAs are denoted as HRs and specif-
ically HR800, HR900, and HR1000 regarding the hot rolling tem-
peratures. As a comparison group, the other homogenized FeMEAs
were cold-rolled at room temperature with the same thickness re-
duction to 1.5 mm. For recrystallization, the cold-rolled FeMEAs
were annealed at 800 °C for 10, 30, and 60 min followed by wa-
ter quenching, denoted as CR-A810, CR-A830, and CR-A860, respec-
tively. From here, the as-hot-rolled and as-annealed states are con-
sidered initial states prior to tensile tests.

2.2. Tensile tests and microstructure characterization

Rectangular dog-bone-shaped tensile specimens with a gage
length of 5 mm along the rolling direction (RD) and width of
2.5 mm were sliced by electrical discharge machining from the
middle part of the rolled plates with a thickness of 1.5 mm. Normal
directional (ND) planes of the tensile samples on both sides were
mechanically polished with SiC abrasive papers of 600, 800, and
1200 grit. For accurate elongations, two indentations were marked
at the same interval of 5 mm on the tensile specimens using a
Vickers hardness tester before the tensile tests. The tensile tests
were carried out at liquid nitrogen temperature (-196 °C) using an
Instron 1361 universal testing machine with an attached liquid ni-
trogen chamber. A constant strain rate was set as 103 s-1. Each
test was performed in triplicate to confirm the reproducibility of
the tensile results.

To characterize the microstructural evolution by the tensile de-
formation, the initial and tensile deformed samples were mechani-
cally polished up to 1200 grit SiC papers followed by electropol-
ishing using a solution of 92% acetic acid + 8% perchloric acid
at 9 V for 15 s. Multifarious microstructural analyses were per-
formed by EBSD, ECCI, TEM, energy dispersive spectroscopy (EDS),
X-ray diffraction (XRD), and convolutional multiple whole pro-
file (CMWP) fitting. The EBSD and ECCI were conducted using a
JSM-7900F scanning electron microscope. The EBSD images were
scanned in the middle of transverse directional (TD) planes of the
HRs and ND planes of the CR-A810 using an Oxford integrated
AZtecHKL advanced EBSD system. The TD plane is beneficial for ob-
serving dislocation behavior such as shear bands in the as-rolled
materials [20]. Each EBSD step size was 0.7 um at a magnifica-
tion of 180 x and some highly magnified images were scanned
with nanometer-level step sizes, which are mentioned in the fig-
ure caption. Considering that the EBSD is not capable of moni-
toring the dislocation structures, the ECCI facilitates the observa-
tion of near-surface dislocations of an electropolished bulk metal-
lic sample without any destructive sample preparation [25]. Af-
ter the insertion of a backscattered electron detector, the sample
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Fig. 1. Initial microstructures using EBSD. (a-c) HRs and (d) CR-A810 in IPF maps and ODF maps (scale bar, 100 pum).

was tilted from -2° to 2° toward the best quality of the ECC im-
age at a working distance of 5.5 mm by an accelerating voltage of
20 kV. The samples for TEM analysis with a thickness of 70 nm
were prepared using a dual-beam focused ion beam (FEI Helios
600) and investigated with JEM-2200FS. An EDS line profile was
carried out to monitor whether atomic diffusion had occurred by
the deformation-induced martensitic transformation (DIMT) during
the tensile test at -196 °C.

The XRD analyses were performed on the HRs and CR-A810
with a Bruker D8 Advance diffractometer using Cu K, radiation un-
der the range of diffraction angle (26) from 30° to 100° with a step
size of 0.013°. To calculate the dislocation density, a CMWP method
was exploited based on the XRD profiles of the HRs and CR-A810
[26]. For the CMWP fitting, LaB6 (SRM 660c, NIST) as a standard
material was used to deduct the instrumental effect of the X-ray
diffractometer [26].

3. Results
3.1. DRXed microstructures of as-hot-rolled MEAs

The initial microstructures of the HRs and CR-A810 in a broad
scope are displayed in Fig. 1. In an inverse pole figure (IPF) map
of the HR800 in Fig. 1(a), coarse unrecrystallized grains elongated
along the RD with grain sizes of a few hundred micrometers are
observed, while the DRX grains are relatively fine. Prior to the hot
rolling, the as-homogenized MEA had equiaxed grains with an av-
erage grain size of 189.5 + 81.5 pm in Fig. S1 in Supplementary
Information. The HR900 and HR1000 are fully DRXed with finer
average grain sizes than that of the HR800: average grain sizes
of 38.5 + 40.5, 14.8 &+ 10.6, and 22.8 + 15.9 ym for the HR800,
HR900, and HR1000, respectively (Fig. S2). The coarse unrecrys-
tallized grains in the HR800 contribute to the largest mean grain
size. The HR1000 has a larger average grain size than the HR900
because an increase in temperature activates grain growth. More-
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over, given that the DRX occurs more prominently at higher rolling
temperatures, it occurs earlier at 1000 °C than at 900 °C. Accord-
ingly, more time for grain growth of the DRX grain is given during
the hot rolling at 1000 °C, causing the increase in the mean grain
size of the HR1000. Meanwhile, the CR-A810 has the smallest av-
erage grain size of 5.5 4+ 2.6 pm. Notably, each of the HRs shows a
much wider grain size distribution from submicrons to tens of mi-
crometers compared to the CR-A810 in Fig. S2 because the onset
of the DRX is different for each grain in the HRs. It means that the
time given for the grain growth during the hot rolling is different
for each grain. In short, the sequential operation of the DRX dur-
ing several hot rolling passes leads to uneven distribution of grain
sizes: recently recrystallized grains are smaller than the early re-
crystallized ones, which is confirmed in the following ECC images.

The orientation distribution function (ODF) maps of the HRs in
Fig. 1(a-c) show {111}//ND y-fiber in common where ¢, = 45° and
® = 55°, which is a general rolling texture in FCC alloys. The reten-
tion of the rolling texture with low intensity of 2.4 to 3.5 originates
from no preferred orientation during DRX. This is a typical feature
of FCC metallic materials with low stacking fault energy (SFE), e.g.,
equiatomic CoCrFeMnNi [27] and twinning-induced plasticity steel
[28]. Among the HRs, the HR800 exhibits the strongest y-fiber be-
cause of the heavily deformed unrecrystallized coarse grains com-
pared to the DRX grains. In contrast, no rolling texture is seen in
the CR-A810 because static recrystallization (SRX) occurs by an-
nealing. Instead, {001}<100> cube texture emerges in Fig. 1(d) due
to the formation of annealing twins in the CR-A810 (Fig. S3), which
is consistent with that reported for other metallic materials with
low SFE [27]. The cube texture weakens the rolling textures during
the annealing process accompanying the SRX [29].

Details of the DRX grains in the as-hot-rolled HR900 are probed
by ECC imaging in Fig. 2. Given the fully DRXed microstructure
of the HR900 in Fig. 1(b), the next round of DRX at the grain
boundary of a preexisting DRX grain forms a necklace structure
in Fig. 2(a). Note that the grain boundary is a preferential nucle-
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Fig. 2. ECC images of the initial HR900 with different grain sizes of the DRX grains. (a, e) New DRX grains on the grain boundaries of a preexisting DRX grain. (b-d)
Magnified views of the new DRX grains in (a) with a tilt angle of 2°. (f~h) Submicron-scale DRX grains indicated by white arrows around a coarse DRX grain in (e) with

various ECCI tilt angles: (e) 2°, (f) 0.5°, (g) 0.2°, and (h) -2°.

ation site for DRX [30]. In the magnified views in Fig. 2(b-d), the
newly DRXed submicron-scale grains are much finer than the adja-
cent coarse DRX grains. The coarse DRX grain exhibits dislocation
cells generated by the hot rolling in Fig. 2(b, d). By modulating the
ECCI tilt angles at a different site with an analogous morphology
of DRX grains in Fig. 2(e-h), relatively fine DRX grains around a
coarse DRX grain exhibit clear dark images indicated by white ar-
rows in Fig. 2(f-h) while dislocation cells are observed in the dark
and coarse DRX grain in Fig. 2(e). That is, the new DRX grains have
lower dislocation density than the preexisting DRX grain. This con-
forms to the dislocation consuming effect of DRX by the nucleation
of new grains involving grain boundary migration [30]. Because
the grain boundary migration is a thermally activated process [31],
higher rolling temperature is beneficial to more active DRX: the
DRX occurs on multiple occasions during the several hot rolling
passes. In brief, the different onset of the DRX gives microstruc-
tural heterogeneity of not only the wide distribution of grain size
but also the internal dislocation density among the grains in the
HRs.

Based on the different dislocation densities among the DRX
grains, the grain boundaries distinguish the microstructural het-
erogeneity consisting of the soft and hard grains. By the tensile
deformation, the strain incompatibility between the soft and hard
grains causes the dislocation pile-ups, developing the HDI back
stress at the grain boundary into the recently DRXed soft grain
[32,33]. Among the HRs, the HR900 has the largest fraction of grain
boundaries because of the smallest average grain size. As a result,
the average GND density of the HR900 exhibits the highest value
among the HRs in Fig. S4(a) from the EBSD scans in Fig. 1. In
contrast, the total dislocation density increases as the hot rolling
temperature decreases as shown in Fig. S4(c) based on the CMWP
method from the XRD profiles in Fig. S4(b). It is attributed that the
GND density related to the microstructural heterogeneity is not al-
ways proportional to statistically stored dislocation density, which
is associated with the amount of rolling deformation [34]. Indeed,
the total dislocation density is the highest in the HR800 while the
GND density by the microstructural heterogeneity is the highest in
the HR900 as shown in Fig. S4(a, c).

3.2. Tensile properties at —196 °C

On the uniaxial tensile properties at =196 °C, the as-hot-rolled
HRs have higher yield strength than the cold-rolled and annealed
ones in Fig. 3(a): 659 £+ 1, 770 + 9, 744 + 11, and 523 + 20 MPa for
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the HR800, HR900, HR1000, and CR-A810, respectively. To verify
the effect of the microstructural heterogeneity of the HRs on the
back stress during the cryogenic tensile tests, loading-unloading-
reloading (LUR) tests were conducted for the HR900 and the CR-
A810. With unloading (o) and reloading (o) yield stresses of
each LUR loop in Fig. S5(a), the back stress (o,) can be calculated
as follows [33]:

Oy + Or
op = 25t (1)

In Fig. 3(b), the HR900 has higher HDI back stress than the CR-
A810 during the tensile deformation. It can be attributed to the
microstructural heterogeneity in the hot-rolled MEAs, as elucidated
in Figs. 1 and 2. The microstructural evidence for the back stress
hardening is in the following tensile deformed microstructures.

The emphasis of the tensile properties is on two points: one
is the superior uniform elongation of ~45% of the HRs despite
the as-rolled states, and the other is the higher yield strength
of the HR900 than that of the HR800 though the total disloca-
tion density is higher in the HR800. The strain hardening behavior
by the DIMT influencing the uniform elongation is nearly identi-
cal for all the samples, see Fig. 3(c). The noticeable difference be-
tween the HRs and the CR-A810 is that the HRs exhibit yield point
phenomena (YPP) and the resulting Liiders elongation in Fig. 3(a,
d), which will be further interpreted with deformed microstruc-
tures in Section 3.4. To access the rationale behind the lower yield
strength of the HR800 than that of the HR900 in Fig. 3(d), the ini-
tial and tensile deformed microstructures of the partially DRXed
HR800 are demonstrated below.

3.3. Microstructural evolution of the hot-rolled MEAs by tensile
deformation

In the initial state of the HR800, a number of band-like sub-
structures elongated along the RD exist in an unrecrystallized grain
in Figs. 4(b) and S6. In the corresponding unrecrystallized grain, an
EBSD phase map (Fig. 4(c)) and a misorientation profile (Fig. 4(f))
along the white arrows in Fig. 4(d, e) clarify the absence of BCC
phase exhibiting high-angle misorientations. It should be noted
that the misorientation angles of 1°-2° in Fig. 4(f) conform to
those of microband boundaries [35]. The formation of the mi-
crobands arises from the rotation of misoriented domains by hot
rolling (especially in unrecrystallized grains), thus the microbands
are bounded by GNDs [36]. In Fig. 4(f), the peaks of kernel aver-
age misorientation (KAM) value associated with the GND density
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Fig. 5. Microstructures of the HR800 after the tensile deformation by upper yield point. (a) An engineering stress-strain curve by the applied stress reaching (inset of (a))
upper yield stress. (b—e) ECC images tilted by 2° and (f) an EBSD phase map with a step size of 40 nm corresponding to (e). (d) DRX and (e) unrecrystallized grains are
framed in (b, c), respectively. One-dimensional EDS line profile in the inset of (f) along a white arrow in (f). (g) A bright-field STEM image of an unrecrystallized grain and
(h) an SAD pattern for a red box in (g). The inset of (h) is only for the BCC grain in the red box. Bright-field (i) STEM and (j, k) TEM images for a shear band in a yellow box

in (g), where (k) is framed in (j).

are coincident with the misorientation peaks. That is, the bound-
aries with misorientation angles of 1°-2° have relatively high GND
density, supporting the existence of microbands. Within the mi-
crobands, numerous dislocation cells are observed in Fig. S6(b, c)
as well as the bright-field scanning TEM (STEM) images in Fig. 4(g,
h). The selected area diffraction (SAD) pattern in Fig. 4(i) corre-
sponding to the area of Fig. 4(h) shows a deviation of ~2° from
the FCC spot due to the hot rolling-induced microbands, in line
with the misorientation profile in Fig. 4(f). Such deviations in the
diffraction pattern have been reported to be attributed to the for-
mation of microbands [37].

To clarify the microstructural evolution prior to the yielding
of the HR800, an interrupted tensile test at -196 °C by the up-
per yield point was conducted, see Fig. 5(a). The unrecrystallized
grain with a large amount of rolling deformation has profuse shear
bands in Fig. 5(e), in contrast to the DRX grains in Fig. 5(d). More
importantly, BCC phase is observed along the shear bands in an
unrecrystallized grain by ECCI in Fig. 5(e) and EBSD phase map
in Fig. 5(f) though the tensile stress only reached the upper yield
stress. A bright-field STEM image in Fig. 5(g) of an unrecrystal-
lized grain assures the generation of the BCC phase along the shear
bands. The SAD pattern in Fig. 5(h) for a red box in Fig. 5(g) reveals
the Kurdjumov-Sachs orientation relationship between the FCC and
BCC phase [38], confirming the formation of martensite. Moreover,
additional spots deviating by ~6° from the diffraction pattern of
the FCC phase are observed. Given that shear bands have been re-
ported to exhibit misorientations of 6°-12° [39], the SAD pattern in
Fig. 5(g) illustrates the presence of BCC martensite along the shear
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bands. No deformation twin bundles are observed in Fig. 5(i); in-
stead, stacking faults are identified in the nano-scale shear band
in bright-field TEM images in Fig. 5(j, k), which are distinct from
the microbands in Fig. 4(h). It should be noted that the deviation
angle of the shear bands is higher than that of the microband,
which is ~2° in Fig. 4(i). It can be inferred that the tensile de-
formation has increased the misorientation angles of the disloca-
tion substructures because the microband involves the formation
of narrow shear zones surrounded by dislocations [40]. In short,
the microbands with profuse dislocation cells in the unrecrystal-
lized grains in the HR800 contribute to the generation of shear
bands, which are beneficial to provoking martensitic transforma-
tion. Considering that the martensitic transformation occurred dur-
ing the elastic deformation at -196 °C without plastic strain, the
BCC phase is stress-induced martensite. By an EDS line profile
along a white arrow in Fig. 5(f), the elemental compositions for the
FCC and BCC phase are the same in the inset of Fig. 5(f), indicating
that the martensitic transformation does not involve a diffusion-
controlled process.

Once the tensile deformation further proceeds by the lower
yield point in Fig. 6(a), the BCC martensite is observed along the
shear bands in a coarse unrecrystallized grain in Fig. 6(c), simi-
lar to Fig. 5(e). The ECC images of Fig. 6(b, c) are tilted by -2°.
With a different tilt angle of 2°, planar arrays of dislocations in a
DRX grain which are piled up at the grain boundary between the
DRX and unrecrystallized grains are clearly observed in Fig. 6(d).
Note that the interval between the dislocation pile-ups marked by
white arrows is relatively narrow near the grain boundary, which is



J. Lee, H. Park, S. Son et al.

crystallized
a2

(a)
700
00 ¥
= o /I:\ver yield point
Z 500
% 400
&
7
20 300
3 200
£ ~—~HR800 v A
& 100 Planariarray of
0 dislocations
0.00 0.02 0.04 0.06 0.08 T 3/

Engineering strain

L
Piled up
bou

Journal of Materials Science & Technology 177 (2024) 234-245

|' < //, !-U

(A&

Fig. 6. Microstructures of the HR800 after the tensile deformation by lower yield point. (a) An engineering stress-strain curve by the applied stress reaching lower yield
stress. (b-e) ECC images of deformed microstructures by the lower yield point with tilt angles of (b, c, e) -2° and (d) 2°. (d) Planar arrays of dislocations piled up at the

grain boundary into a relatively soft DRX grain.

Grain Al

@)

Grain A2 Grain A2

v

Planar arré of

/ dislocationsi

. iy 9
g Piled up at grai
Wboundary
2 !u.)

Grain A1l

Point-to-point
Point-to-origin|

Grain B

—>
Annealing
twin

1 2] 3 1
Distance, pm

Fig. 7. Tensile deformed microstructures of the HR1000 by ¢ of 0.03. Enlarging the ECC image of the HR1000 (a), planar arrays of dislocations piled up at grain boundaries
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a feature of the dislocation pile-ups. Indeed, the DRX grain where
the planar arrays of the dislocations are piled up is softer than
the unrecrystallized grain. Meanwhile, the lack of martensite in the
DRX grains in Fig. 6(e) ensures that the stress-induced martensitic
transformation preferentially occurs in the coarse unrecrystallized
grains before the tensile yielding of the HR800.

Between the DRX grains, the dislocation pile-ups are also con-
firmed after yielding. Fig. 7 gives ECC images of the HR1000 de-
formed by engineering strain (&) of 0.03. Grain B is coarser than
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grains A1 and A2 in Fig. 7(a) and all the grains are DRXed as re-
vealed in Fig. 1(c). Despite the low tensile strain, planar arrays of
dislocations in the relatively fine grains - grain Al in Fig. 7(b)
and A2 in Fig. 7(c) - are piled up at grain boundaries between
the grains A1 or A2 and B. As observed in Fig. 6(d), the distance
between each piled-up dislocation is closer in the vicinity of the
grain boundary as indicated by white arrows in Fig. 7(b, c). There-
fore, it can be deduced that the HDI strengthening of the as-hot-
rolled MEA in Fig. 3(b) is promoted by the uneven distribution of
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grain size and internal dislocation density in Fig. 2 during the ten-
sile deformation at -196 °C. According to the EBSD phase map in
Fig. 7(e) corresponding to Fig. 7(a), the grains Al, A2, and B are
FCC grains. The misorientation profile in Fig. 7(f) along the white
arrow in the IPF map in Fig. 7(d) exhibits an annealing twin in the
grain B, indicating that the grain B is a DRX grain. It concurs with
the fully DRXed microstructure of the HR1000 in Fig. 1(c).

3.4. Liiders band propagation

The tensile specimens of the HR900 after the interrupted ten-
sile tests at -196 °C by ¢ of 0.058 and 0.112 after the YPP are
shown in an optical microscopy (OM) image in an inset of Fig. 8(a).
The former is during the propagation of the Liiders band and
the latter is after the end of the propagation. During the Liiders
elongation, the stress-concentrated Liiders band is prone to gener-
ate the stress-induced BCC martensite as shown in Fig. 8(c) com-
pared to the outer region of the Liiders band in Fig. 8(b). The
BCC martensite of an areal fraction of 27.2% was generated in the
Liiders band by ¢ of 0.058. As the tensile deformation further pro-
ceeds by ¢ of 0.112, the Liiders band has been fully propagated
along the gage section in Fig. 8(a), and the HR900 is uniformly de-
formed with an increased BCC fraction of 40.6% in Fig. 8(d).

Similar to the case of the HR900, for the deformed HR1000 by
& of 0.03 at the onset of Liiders elongation in Fig. 8(e), a local-
ized DIMT, i.e., the Liiders band has occurred in a broad view in
Fig. 8(f). In the Liiders band, the BCC martensite has been gen-
erated by stress-induced martensitic transformation in Fig. 8(g),
given that the front of the Liiders band is a stress-concentrated
region [41]. The areal fraction of the BCC martensite in the Liiders
band of the HR1000 by & of 0.03 (28.8%) is comparable to that
in the Liiders band of the HR900 by higher ¢ of 0.058 (27.2%) in
Fig. 8(c). In other words, the HR1000 exhibits faster DIMT kinetics
during the propagation of the Liiders band than the HR900. As in
the HR900, the outer area of the Liiders band in the HR1000 has a
small amount of BCC martensite in Fig. 8(h).

After the end of nonuniform deformation by the Liiders band
propagation, an increase in the fraction of the deformation-induced
BCC martensite is uniformly observed in the gage section of the
deformed HR1000 by ¢ of 0.1 in Fig. 9(a). In an ECC image of the
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same sample in Fig. 9(b), plate-type BCC martensite with a dis-
tinctly different morphology from the FCC matrix has emerged, in-
dicating the stress-induced martensite [42]. The uniform TRIP be-
havior all over the gage section after the end of Liiders elongation
of the HRs is enough to bias the strain hardening rate upward as
shown in Fig. 3(c).

4. Discussion

4.1. Softening by martensitic transformation during elastic
deformation

During the elastic deformation by the tensile test, stress-
induced BCC martensite is formed in unrecrystallized coarse grains
in HR800 in Figs. 5(e) and 6(c), compared to the fully DRXed
HR900 and HR1000. The unrecrystallized grains possess profuse
dislocations and shear bands by a large amount of rolling defor-
mation, which stimulates the stress-induced BCC martensitic trans-
formation. In TRIP steels, martensite has a higher specific vol-
ume than austenite [43]. Thus, the phase transformation from the
austenite to the martensite induces strain relaxation and transfor-
mation of the stress state from tension to compression [44]. The
softening effect of the TRIP behavior has been reported in different
kinds of TRIP-assisted materials for decades: TRIP steels [43] and
MPEAs [44]. Similarly, in our previous study, the stress state from
tension to compression was verified by a neutron diffraction anal-
ysis [45]. It is intriguing that as temperature decreases below Mg
temperature for the TRIP steel, the tensile yield stress exhibits a
noticeable degradation due to the formation of athermal marten-
site [43]. Thereby, it can be confidently argued that the marten-
sitic transformation during the elastic deformation is responsible
for the lower yield strength of the partially DRXed HR800 than
those of the fully DRXed HR900 and HR1000.

4.2. Strengthening contributors of the hot-rolled MEAs

The yield stress (oy) of the MEA after each thermo-mechanical
process can be estimated as follows:

Oy =00 + Oss + 0p +O'gb+O'HD1

(2)
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Fig. 9. Tensile deformed microstructures of the HR1000 by ¢ of 0.1. (a) An EBSD phase map with a step size of 0.3 pm and (b) an ECC image. Red, green, and yellow interpret

the FCC, BCC, and HCP phases, respectively.
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where oy is friction stress (103 MPa for the present MEA [46]), oss
is solid solution strengthening, o, is dislocation strengthening, og,
is grain boundary strengthening, and oyp; is hetero-deformation-
induced strengthening. The effect of texture on the yield stress is
neglected regarding the low intensity of the hot-rolled textures in
Fig. 1.

The solid solution strengthening for the present FCC-based MEA
is estimated to be 53.7 MPa based on Fleischer’s substitutional
hardening model [47-49]. For the details of the model, readers are
referred to Appendix A. For the o, derived from the interactions
among forest dislocations by the Taylor equation, o, = MaGbp'/?,
the dislocation density (o) from the CMWP fitting in Fig. S4(c) is
used. The parameters M, «, G, and b are the Taylor factor (3.09
for FCC [13]), a constant (0.2 [46]), a shear modulus (82.3 GPa for
the MEA [50]), and the magnitude of the Burgers vector (0.253 nm
[46]), respectively. The Hall-Petch relationship accounts for the
Ogh: gy = kd™12 (k: 339 MPa m!/2 [46] and d: mean grain size
in Fig. S2). The intergranular long-range HDI strengthening of the
HRs is confirmed by the discrepancies of the back stresses at the
yield point between the heterogeneous HRs and the homogeneous
CR-A810, determined by the LUR tests in Fig. S5.
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Fig. 10(a) compiles the strengthening contributors of the HRs
and CR-A810. Bar graphs represent theoretical yield stresses with
each strengthening mechanism and the experimental values are
plotted in a line graph. Note that only the calculated yield stress
of the HR800 has a large mismatch of ~200 MPa with the exper-
imental yield stress. It is attributed to the softening effect of the
volume expansion by the stress-induced martensitic transforma-
tion prior to yielding, which was not examined in the yield stress
contributors in Eq. (2).

The yield stress increases in the order of the following classi-
fied groups according to the grain characteristics in Fig. 10(b): full
SRX (cold-rolled and annealed ones), partial DRX (HR800), and full
DRX (HR900 and HR1000) without a significant reduction in uni-
form elongation. Compared to the SRX group, both the high dislo-
cation density of the as-hot-rolled states and the additional dis-
location accumulation in the relatively soft and fine DRX grains
lead to the higher yield stress of the DRX groups. Between the
DRX groups, full DRX exhibits higher yield stress than partial DRX
because of the martensitic transformation prior to yielding in the
partially DRXed HR800. Here comes another beneficial effect of the
full DRX on the yield stress apart from the HDI strengthening due
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to the wide distribution of the DRXed grain sizes: inhibiting the
martensitic transformation before yielding.

Fig. 10(c) exhibits combinations of uniform elongation and ul-
timate tensile stress for a variety of as-rolled metallic materials.
To the best of our knowledge, the present DRXed metastable MEAs
exhibit record-breaking uniform elongation of ~45% among the as-
rolled states. It is attributed to the effect of microstructural het-
erogeneity of the wide distribution of grain sizes on strain hard-
ening as well as the TRIP effect. The strengthening effect of the
back stress in the relatively soft DRX grains is obvious by pile-ups
of planar array of dislocations in Fig. 7(b, c). Meanwhile, the di-
rectional back stress offsets effective resolved shear stress for dis-
location slip [32]; the soft grain sustains higher plastic strain by
the promoted dislocation slip. Consequently, the microstructural
heterogeneity from the different onset of the DRX produces extra
strain hardening, called HDI strain hardening apart from the TRIP
effect.

4.3. Yield point phenomenon and Liiders elongation

The deformation behavior right after the yield point of the
hot-rolled MEAs accompanying the YPP is important because the
as-rolled materials mostly exhibit catastrophic uniform elongation
soon after the yielding in Fig. 10(c) due to the insufficient strain
hardening capacity. As described in Section 4.1, external stress can
be relieved by a larger specific volume of BCC martensite than
that of the FCC phase through martensitic transformation. More-
over, the martensitic transformation generates mobile dislocations
in neighboring FCC grains [51]. According to Egs. (3) and (4), a
rapid increase in mobile dislocation density causes a sudden de-
crease in the applied stress, viz., a yield drop [41,52]:

o _pp (T
14 —bpm(Dr

Teif = (T — Tc) (4)

where pP is plastic shear strain rate, b is the magnitude of the
Burgers vector, p,m is density of mobile dislocations, and 7. is
effective shear stress, i.e., excess shear stress over the interaction
stress t. in Eq. (4) with Macaulay brackets. The parameter ng is
stress-sensitivity exponent and D; is shear drag stress [41].

Note that the stress-induced martensitic transformation is ac-
tivated by a sufficient stress level once the yield point is reached
in the fully DRXed HR900 and HR1000, as shown in Fig. 8(c, g),
respectively. Hence, the yield drop in the as-rolled HR stems from
the initiation of the martensitic transformation from FCC to BCC
phase at the yield point due to stress concentration. In sharp con-
trast, for the annealed CR-A810, most of the dislocations gener-
ated during cold rolling are dissipated by annealing as seen in Fig.
S4(c). In this regard, the CR-A810 has much lower yield strength
than HR: stress-induced martensitic transformation is deemed dif-
ficult to occur by the yield point. Moreover, the lack of {111}//ND
y-fiber in CR-A810 compared to HR in Fig. 1 makes it less prone
to awaken DIMT because shear favorably occurs along close-packed
{111} planes of FCC grains, leading to the phase transformation to
{110} BCC grains [53].

Among the HRs, HR800 exhibits the lowest amount of yield
drop in Fig. 3(d). Note that the martensitic transformation oc-
curs in unrecrystallized grains prior to yielding in the HR800 in
Fig. 5(e), resulting in a decrease in flow stress. The martensitic
transformation before the onset of yielding reduces the upper
yield stress of HR800, thus attenuating the YPP in HR800. On the
contrary, the onset of DIMT at the upper yield point leads to a
more significant decrease in flow stress for the fully DRXed HR900
and HR1000. The noticeable amount of martensite (28.8%) in the
Liiders band in HR1000 deformed by an engineering strain of only

(3)
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0.03 in Fig. 8(g) supports that the DIMT has a significant impact
on the YPP.

The YPP accompanies the onset of the Liiders band where
the stress is locally concentrated in the hot-rolled MEAs. In the
metastable HRs, the stress concentration in the vicinity of the front
of the Liiders band provokes the DIMT, which generates mobile
dislocations [51]. Because the mobile dislocations are beneficial
to the propagation of the Liiders band [51], the local DIMT pro-
motes a higher velocity of the band propagation. Meanwhile, the
HR1000 exhibits faster DIMT than the HR900 in Fig. 8(c, g). It is
attributed to the larger mean grain size of the HR1000 than that
of the HR900 because elastic strain energy increases with a de-
crease in the average grain size of FCC grains, which decreases the
ability to nucleate martensite and improves the average stability
of the FCC grains [54]. Moreover, interfacial back stresses at the
FCC grain boundaries hinder the growth of the BCC nuclei [55].
Therefore, the Liiders band in the HR1000 with the higher DIMT
kinetics propagates faster than that in the HR900; the Liiders elon-
gation, from the beginning to the completion of the DIMT in the
whole gage section, is lower in the HR1000 in Fig. 3(d). The DIMT
in the HR800 including unrecrystallized grains is deemed to be the
most active, thus the Liiders elongation of the HR800 is the lowest
among the HRs in Fig. 3(d). In brief, the stress-induced martensitic
transformation in the HRs prevents early necking by triggering the
propagation of the Liiders band with the aid of mobile dislocations.
Thanks to the DIMT apart from the effect of the uneven distribu-
tion of the DRX grain characteristics on the HDI strain hardening,
the hot-rolled MEAs result in the unprecedented uniform elonga-
tion of ~45% by the desirable strain hardening capacity.

4.4. Simplification of thermo-mechanical processes and future works

Another merit of this paper is to introduce the hot rolling with-
out further annealing process. The simplified thermo-mechanical
processes can offer considerable industrial profits. Compared to
the effect of annealing temperature and time on the recrystallized
microstructures [56-59], DRX in high-entropy alloys through hot
rolling has not received as much attention. However, based on the
generally accepted fact that the DRX kinetics is closely related to
temperature and strain rate, the control of hot rolling temperature
and thickness reduction ratio would decisively affect the DRX mi-
crostructures. In other words, an increase in temperature and a de-
crease in strain rate lead to a decrease in Zener-Hollomon param-
eter and promote the driving force for DRX [30]. Thus, controlling
the hot rolling parameters properly so that DRX occurs in multiple
rounds and a wide distribution of grain size appears is a salient
key to rendering the microstructural heterogeneity. In this wise, it
can be confidently argued that the DRX-induced heterostructuring
is not limited to the FeMEAs but can be applied to a variety of
metallic materials. Further works to apply the DRX-induced het-
erostructuring strategy to other metallic materials, e.g., dual-phase
steels and other MPEAs with simplified thermo-mechanical histo-
ries, are highly encouraged. Further, once a substantial amount of
microstructural features with different hot rolling conditions are
gathered, it will be easier to predict the DRX microstructures.

5. Conclusions

The current study introduces uneven distribution of the grain
sizes and internal dislocation densities of the as-hot-rolled FeMEAs
with enhanced mechanical properties at liquid nitrogen temper-
ature. The salient strengths of this research through the present
thermo-mechanical processes are demonstrated below.

(1) Hot rolling of the present MEA triggers DRX on the grain
boundary of the preexisting grain, forming a necklace struc-
ture. The successive operation of the DRX by several hot rolling
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passes leads to the heterogeneity of grain characteristics com-
prising the grain size and internal dislocation density.

(2) The hot-rolled MEAs exhibit desirable uniform elongation of
~45% at -196 °C comparable to the conventionally fabricated
ones by cold rolling and annealing. The effect of HDI strain
hardening as well as stress-induced martensitic transformation
results in remarkable uniform elongation despite the as-rolled
states. Moreover, high dislocation density and HDI strengthen-
ing contribute to the enhanced yield strength of the as-hot-
rolled MEAs compared to that of the cold-rolled and annealed
ones.

(3) When the hot rolling temperature decreases from 1000 °C to
900 °C, a decrease in mean grain size and an increase in dis-
location density induce higher grain boundary strengthening
and dislocation strengthening, respectively. In contrast, as the
rolling temperature further decreases from 900 °C to 800 °C,
the grains are partially recrystallized. During the tensile test
at -196 °C, the stress-induced BCC martensitic transformation
in unrecrystallized grains prior to yielding attenuates the yield
stress of the partially DRXed MEA.

(4) The stress localization after yield drop in the HRs induces lo-
cal DIMT generating mobile dislocations, which facilitates the
propagation of Liiders band and prevents early necking. The
current findings demonstrate that the hot rolling-induced het-
erostructuring of grain characteristics without further annealing
is a promising pathway to simplify the processing routes with
better performance and industrial benefits.
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Appendix A

Fleischer’s model can reveal the solid solution strengthening
of FCC metallic materials according to the following formulae
[26,47,48]:

o= (Bx)’ (A1)

By = 1G(n] + 165;) (A2)
/_ Ni

U )
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8= ITi — kel

r,. (A4)

where B; is a solid solution parameter, x; is mole fraction, r; is
atomic radius of element i, G is the shear modulus of the MEA of
82.3 GPa [50], and « is a fitting parameter of 0.0045 [48]. The two
parameters 17; = % and §; are the shear modulus (G;) and
the lattice distortion eof element i with respect to pure iron, re-

spectively. The parameter values of each element are represented
in Table Al.

Table A1
Values of parameters with respect to pure iron for Fleischer’s model.
Gi (GPa [49]) i (pm [26]) §; Xi 1 Bi (MPa)
Fe 819 126 - 0.6 - -
Co 821 125 0.007937 0.15 0.002442 17.244
Cr  90.0 128 0.015873 0.1 0.098901  76.098
Ni 785 124 0.015873 0.15 0.041514 59.231
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