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The influence of charging method on hydrogen (H) distribution and the resultant nanomechanical behavior of
CoCrFeMnNi high-entropy alloy was examined and compared with another face-centered cubic structured
alloy, an austenitic stainless steel. Through thermal desorption spectroscopy measurement and theoretical anal-
ysis, itwas revealed that electrochemical (E-) charging induces steep gradient of H concentration near the surface
while H was homogenously distributed after gaseous (G-) charging. Nanoindentation results show significant
hardening in E-charged alloys while the hardness of G-charged alloys remains invariant. These differences
were rationalized in terms of the nature of H distributions induced by different charging methods.
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The emerging concept of high-entropy alloy (HEA) has significantly
increased alloy design space [1–4]. In addition to outstanding cryogenic
properties [5], exceptional strengthening effect [6,7], and good resis-
tances to creep [8] and corrosion [9,10], it was found that HEAs are
also highly resistant to hydrogen (H) embrittlement [11–15]. A crucial
aspect, which is often overlooked not only for HEAs but also for most
metallic materials in laboratory scale studies, is how the method
employed for charging H affects the measured response. This paper fo-
cuses on this aspect.

In general, charging of H into a material is conducted through either
gaseous or electrochemical charging (hereafter, referred to as G- and E-
charging, respectively) [16–18]. The former is performed in a highly
pressurized H2 gas environment and at an elevated temperature [19],
while the latter is conducted in an electrolytic solution under either gal-
vanostatic or potentiostatic condition at or near room temperature (RT)
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[16]. Table 1 summarizes the literature data on H charging condition
and resultant H content in HEAs [11–14,20–25]. It is obvious that both
charging methods have been widely used and the resultant H contents
vary considerably. These variations often lead researchers to markedly
different conclusions. For example, in CoCrFeMnNi HEA, through E-
charging, Luo et al. [12] reported a mild increase in plasticity while
Zhao et al. [24] found significant hardening; through G-charging, Zhao
et al. [11] reported no ductility loss whereas Nygren et al. [21] observed
H embrittlement. The discrepancies may be attributed to the different
charging methods and conditions employed in these studies, since
they can lead to various H contents and trapping states. To shed light
on this, we performed nanoindentation and thermal desorption spec-
troscopy (TDS) experiments on G- and E-charged CoCrFeMnNi HEA,
which is one of the mostly investigated HEAs to date and was also
widely selected for H-related studies as shown in Table 1. The results
were compared with those of an austenitic stainless steel, 316L, since
they both share the same face-centered cubic (FCC) structure and sim-
ilar main constituent elements (only differ in relative content) [5,11].

Samples of the equiatomic CoCrFeMnNi HEA were prepared by vac-
uum induction casting, followed by hot-forging and solution annealing
(1100 °C, 1 h) so as to obtain an alloy with a single FCC phase structure
that has homogeneous composition [24]. For comparison purpose,
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Table 1
Comparison of H charging condition and resultant H content in various HEAs from literature. Note that the electrolytic solution used for E-charging is another important factor affecting H
content but is not listed here. Detailed information can be found in each reference.

Composition H charging condition H content [wppm] Ref.

Charging method H2 pressure [MPa] Current density [mA/cm2] Time [h] Temperature [°C]

CoCrFeMnNi G-charging 15 – 72 300 63.2 [14]
15 – 72 300 76.5 [11]
100 – 200 300 113 [20]
120 – 160 200 146.9 [21]

CoCrFeNi 120 – 160 200 58.5 [22]
Fe50Mn30Cr10Co10 100 – 200 300 113 [20]
CoCrFeMnNi E-charging – 1 48 RT 2.79 [23]

– 7 48 RT 3.69
– 1 21 67 4.87
– 1 24 67 5.41
– 1 24 87 7.83
– 20 18 RT 7.73 [13]
– 15 12 RT 8.01 [12]
– 25 72 RT 15.22
– 100 240 RT 33.25
– 100 24 RT 45 [24]

Co19.9Cr19.9Fe19.9Mn19.9Ni19.9C0.5 – 20 24 RT 5.65 [25]
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solution-annealed 316L (nominal composition (in wt%): Fe-16.5Cr-
9.77Ni-1.29Mn-0.19Co-2.07Mo-0.27Cu-0.5Si-0.02C) samples were
also prepared. All the specimens were initially ground with fine SiC pa-
pers (grit number up to 2000) and then polished with colloidal silica
(0.05 μm) to a mirror finish. The final thickness of each polished speci-
men is ~300 μm.

A custom-made Sieverts apparatus was utilized for G-charging of H2

at 300 °C under constant pressure of 15 MPa for 72 h. A potentiostat/
galvanostat equipment (HA-151A, Hokuto Denko, Tokyo, Japan) was
utilize for E-charging in 1 N H2SO4 solution for 24 h at RT and under a
constant current density of 100mA/cm2. Upon the completion of charg-
ing, all the charged samples were immediately immersed into liquid ni-
trogen and stored until further experiments to minimize possible H
outgassing; in any case, subsequent experiments were performed
within ~24 h after charging.

Nanoindentation experiments were conducted using the
Nanoindenter-XP (formerly MTS; now KLA-Tencor, Milpitas, CA, USA)
equippedwith Berkovich tip. A peak load, Pmax, of 100mN and constant
indentation strain rate of 0.025 s−1 [26] were employed. For the quan-
titative analysis of the H content in the charged samples, TDS analysis
was conducted with a quadrupole mass spectroscope (EX0014, R-DEC
Company, Tsukuba, Japan) at a constant heating rate of 5 °C/min.

Representative nanoindentation load–displacement (P-h) responses
obtained on both HEA and 316L samples are provided in Fig. 1a. Varia-
tions in the hardness values of the uncharged andH charged specimens,
extracted from the P-h curves using the Oliver-Pharr method [27], are
displayed in Fig. 1b. While E-charging significantly hardens (by ~63%)
both HEA and 316L, only a marginal hardening is noted upon G-
charging. The ratio of the final displacement after unloading, hf, to the
maximum displacement, hmax, is proportional to Wp/Wtot where Wp is
the irreversible, plastic work of indentation (i.e., the area enclosed by
loading and unloading curve) and Wtot is the total work of indentation
(i.e., the area under the loading curve) [28]. Hence, hf/hmax is a useful in-
dicator of the relative portion of the plastic deformation in the total
elasto-plastic deformation that occurs during indentation. Note that, in
the present work, hf was determined by fitting the early 90% portion
of unloading curve (shown unloading part in Fig. 1a) following P vs. h2

fit so as to avoid slight h change that occurs during thermal drift correc-
tion process at 0.1Pmax. Estimated values of hf/hmax are displayed in
Fig. 1c. While the ratios of G-charged HEA and 316L samples are similar
to the respective uncharged ones, hf/hmax of E-charged samples are sig-
nificantly lower, indicating an increased tendency of H embrittlement
due to E charging.

TDS measurements were employed to gain insights into the reasons
for the observed differences in the hardening behavior of E- and G-
charged specimens. Fig. 2a displays the thermal desorption profiles ob-
tained. Two features are noteworthy. First, for the same charging pro-
cess, HEA always shows a much higher H content than 316L, which is
in a good agreement with prior reports of higher H solubility in
CoCrFeMnNi HEA than in other FCC alloys [11,21]. The higher H solubil-
ity in the HEA has been attributed to the relatively high Cr and Mn con-
tents, which are known to enhance H solubility [11,19], the high lattice
strain energy in HEA [3,14], and a possible contribution from short-
range order [14,29]. The second observation from Fig. 2a is that, the
two different charging processes employed lead to different desorption
behavior. While the main desorption peaks of both E-charged speci-
mens appear at ~135 °C, those of G-charged ones occur at significantly
higher temperatures (~300–330 °C). In TDS, heating causes
“detrapping” of H first and then diffusion of it through the lattice so as
to escape from the surface. Hence, the differences in the desorption
spectra of G- and E-charged specimens can be due to either H
detrapping from different trapping sites or different resistances for H
diffusion. In FCC metals and alloys, H diffusion is slower than the
detrapping process, and thus the rate-controlling stage for the thermal
desorption process during TDS is H diffusion rather than H detrapping
[30]. This means that the difference in the peak temperatures is more
likely to be related with difference in average H diffusion distance
within G- and E-charged specimens. Indeed, E-charging at RT was re-
ported to create a high surface concentration of H in conventional alloys
[17,18], which would surely lead to a shorter diffusion path for the ma-
jority of H atoms compared to the case of homogeneous H distribution.

For a more direct confirmation of such an inhomogeneous H distri-
bution in E-charged FCC alloys, additional TDSmeasurementswere per-
formed. Immediately after E-charging, the charged side of the
CoCrFeMnNi sample was ground such that only half of the sample re-
mains (as schematically illustrated in the inset of Fig. 2b). The TDS spec-
trum obtained from it is compared with that of “unground” sample in
Fig. 2b. The H concentration in half sample is ~1.9 weight ppm (herein-
after “wppm”), which is only marginally larger than that measured in
the uncharged sample (~1.7 wppm). This observation implies that al-
most all the charged H is near/closer to the surface of the sample that
was charged. In contrast, TDS measurements conducted on back half
samples of an E-charged ferritic steel with body-centered cubic (BCC)
matrix [18] show that ~32% of total H amount resides in the back half
sample. This implies that although aH concentration gradient also exists
in the E-charged ferritic steel sample, the gradient is much less steep as
compared to the current case of FCCHEA. This observation points to one
of the key differences in H behavior between FCC and BCC metals: the
diffusivity of H in the latter is much higher—generally 4 to 5 orders of
magnitude at RT—than in the former [31]. In contrast, the solubility of



Fig. 1. Nanoindentation results: (a) representative load-displacement (P-h) curves,
(b) variations in nanoindentation hardness, and (c) variations in the ratio of the final
displacement (hf) to maximum displacement (hmax) of CoCrFeMnNi HEA and 316L
austenitic stainless steel in uncharged, G-charged and E-charged states.

Fig. 2. TDS spectra of (a) HEA and 316L samples after either E-charging or G-charging and
(b) a typical E-charged CoCrFeMnNi specimenanda half-piece specimenofwhich charged
surface side was ground off right after E-charging.
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H ismuch higher in FCCmetals. The combination of these factors lead to
a large concentration gradient in the E-charged FCC alloys, including the
CoCrFeMnNi HEA and 316L steel investigated in the present work.

A first order approximation of the H concentration gradient in E-
charged samples can be made as following. The local H content as a
function of the distance from the surface, x, can be estimated as [32]:

C x; tcð Þ ¼ C0 1− erf
x

2
ffiffiffiffiffiffiffiffiffiffi
DHtc

p
� �� �

; ð1Þ
in which C0 is the local H concentration at the “surface” of an H-charged
specimen, tc is the charging time, and DH is H diffusivity. According to
the method used by Pontini and Hermida [33], C0 can be determined as

C0 ¼ w � CM

4

ffiffiffiffiffiffiffiffiffiffi
π

DHtc

r
; ð2Þ

wherew is sample thickness (300 μm) and CM is themeanH concentra-
tion in the sample (viz. ~45.0 wppm for CoCrFeMnNi and ~15.3 wppm
for 316L). Assuming DH for CoCrFeMnNi HEA to be similar to that of
austenitic stainless steel such as 316L (~3.17 × 10−16 m2/s at RT [19]),
since (1) both have FCC structure, (2) the chemical constituents are
similar [3], and (3) DH of austenitic stainless steels is reported to be
nearly-insensitive to the composition [19], C0 are estimated to be
~1143 wppm for CoCrFeMnNi and ~419 wppm for 316L. These values,
which are much higher than the mean H contents of both E- and G-
charged samples, indicate that H indeed is highly concentrated near
the E-charged surface.

The concentration profiles of H in both the samples, estimated using
Eq. (1), are displayed in Fig. 3a. In the G-charged samples, H is homoge-
neously distributed through the thickness of the sample, which is ex-
pectable since the time (72 h)–temperature (300 °C) combination
employed for charging allows for ample diffusion of H through the spec-
imen [33]. The estimated H content profiles again prove that H atoms
are highly concentrated near the surface (within the first several tens
of microns from the surface as illustrated in Fig. 3a) for both E-
charged HEA and 316L.



Fig. 3. (a) Estimated through-thickness distribution of H content in G- and E-charged HEA
and 316L specimens (with the inset showing an enlarged view of the curveswithin 30 μm
near surface), and (b) schematic illustrations of the H atoms distribution in the material
underneath the indenter.

Fig. 4. Variation in nanoindentation hardness of the CoCrFeMnNi HEA that was E-charged
under various conditions.
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The above observations conclusively show that the E-charging pro-
cess produces a steep gradient of H concentration near the surfaces of
both CoCrFeMnNi HEA and 316L, whereas, and in contrast, G-charging
process results in a homogeneous H distribution throughout the speci-
men. These differences in the H distribution, rather than any difference
in the nature of the H trapping sites, are the reasons for the different
temperature ranges observed for desorption peaks in Fig. 2a. Since mi-
crostructural analysis showed no evidence for the hydride formation
in the hydrogenated HEA and 316L, H can reside only in the lattice
and typical crystalline defects such as dislocations and grain boundaries
[11,21,34].

The contrasting nanomechanical responses of E- and G-charged
specimens are a direct consequence of the nature of H distribution in
them. Since nanoindentation only probes the near-surface properties
of a material, it is natural that a high C0 near the E-charged specimen
surface affects the measured properties in a marked manner, as illus-
trated in Fig. 3b. Similar to the case of conventional metals and alloys,
this H-induced hardening in theHEA and 316Lmay be largely attributed
to solid solution strengthening (SSS) [35] andH-enhanced slip planarity
[11,36]. To examine the extent of SSS caused by H, additional nanoin-
dentation experiments on CoCrFeMnNi samples that were E-charged
to varying extents were performed. Results of these experiments,
which are displayed in Fig. 4, show that hardness increases with both
charging time and current density. Since the H content in the alloy can
be expected to increase with either charging time or current density
[37], it is reasonable to conclude that the observed hardness increments
are indeed due to the increasedH content in the alloys examined. There-
fore, the local H contents in E-charged specimens (~1143 and
~419 wppm for CoCrFeMnNi and 316L, respectively) are high enough
to induce obvious H-induced hardening, while those in G-charged sam-
ples (76.5 and 24.9 wppm for the HEA and 316L) are still below the
threshold.

Additional supporting evidence for the inhomogeneous H distribu-
tion in E-charged sample and the H-content-dependent mechanical re-
sponse is obtained from the fractographic analyses of charged and
tensile tested samples reported by Zhao et al. [11] and Luo et al. [12].
Zhao et al. [11] observed dimples, which are indicative of ductile frac-
ture, throughout the fracture surface in G-charged CoCrFeMnNi. Luo
et al. [12], in contrast, found dimpled fracture morphology only in the
inner regions but intergranular feature in the edges of cross-sectional
sample after E-charging, which indicates H embrittlement near the
charged surface due to a high H concentration.

Before closing, it is instructive to discuss the effects of H content on
the H embrittlement in the CoCrFeMnNi HEA based on the above re-
sults. In our prior work [11,14], we reported no loss in plasticity upon
G-charging CoCrFeMnNi HEA and the observation of ductile fracture
features. While H-assisted intergranular fracture was reported in the
same alloy in subsequent works [20,21], these studies pertain to very
high H contents that are introduced under extremely severe conditions
(≥100MPaH2 gas). Ichii et al. [20] pointed out that H embrittlement de-
pends not only on the H-content but also on the strain-rate. Since the
diffusivity of H in FCC alloys is very low, the H content may be the
governing factor for H embrittlement in the alloys [31], which is in
agreement with the E-charging tests and the nanoindentation results
of the present study. When H content in the CoCrFeMnNi HEA (and
probably all the FCC alloys) surpasses a certain threshold value, H-
induced hardening occurs and so does H embrittlement (as evidenced
by the plasticity loss indicated by the reduced hf/hmax value), and both
of them become severer with further increase in the H content. Never-
theless, there is no doubt that the CoCrFeMnNi HEA shows better resis-
tance to H embrittlement than most FCC metals and alloys, including
pure Ni and austenitic stainless steels, despite the much higher H solu-
bility in it [11,12,21,23]; i.e. a higher threshold toleratingH's deleterious
effects.

In summary, the influence of gaseous and electrochemical H charg-
ing on the nanomechanical behavior of the CoCrFeMnNi HEA and 316L
were investigated through nanoindentation and TDS. The results show
that E-charging enhances the hardness and reduces the ductility,
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while G-charging does not cause noticeable changes in the properties
despite the fact that it leads to higher total H content. Through TDSmea-
surements and theoretical estimations, we show that the observed dif-
ferences are due to the nature of charged H's distribution. Further
investigations on H solubility and diffusivity, dissolved H's effects on
the fracture toughness, in-situ slow strain-rate tests in H environments,
fatigue and stress corrosion cracking behavior are essential for a com-
prehensive understanding of H embrittlement resistance of HEA in in-
dustrial scenarios.
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