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a b s t r a c t

Nanoscale time-dependent plastic deformation (creep) behavior of nanocrystalline (nc) Ni,
at low stresses and at room temperature, was systematically explored through uniaxial
creep experiments performed on nano-/micro-pillars (with diameters of 600, 1000, and
2000 nm). It was revealed that the creep indeed occurs at ambient temperature, and exhib-
its a creep strain of�2 � 10�4–9 � 10�3 (for 200 s load-holding) at stresses below the nom-
inal yield strengths of the pillars. At a given stress, much higher total creep strains and
strain rates accrue in the smaller pillars, which is likely due to the increased contributions
of free surfaces. Estimation of the stress exponent and the activation volume suggests that
the nanoscale creep event under low stresses may be dominated by diffusion-controlled
mechanisms such as free surface assisted grain-boundary diffusion and grain-boundary
sliding.

� 2012 Elsevier Ltd. All rights reserved.
1. Introduction

Over the past two decades, appealing mechanical properties of nanocrystalline (nc) metals and alloys (such as ultrahigh
strength, enhanced fracture toughness, and excellent wear resistance) have gathered numerous scientific and technological
interests, as reviewed in many articles (Barai and Weng, 2009; Benkassem et al., 2007; Capolungo et al., 2007; Cleri, 2012;
Dao et al., 2007; Farrokh and Khan, 2009; Gusev, 1998; Han et al., 2005; Khan et al., 2006; Kumar et al., 2003a; Li and Weng,
2007; Malygin, 2007; Meredith and Khan, 2012; Meyer et al., 2006; Ovid’ko, 2005; Suryanarayana, 2005; Tjong and Chen,
2004; Tucker and McDowell, 2011; Valiev et al., 2000; Valiev, 2004; Wang et al., 2012b; Wolf et al., 2005; Zhu and Li,
2010; Zhu and Lu, 2012). One important mechanical property of the materials is the time-dependent plasticity, i.e., creep
or visco-plasticity, that is often described by (Dieter, 1988; Kassner and Pérez-Prado, 2004; Sherby and Wadsworth,
1989; Wadsworth et al., 2002):
_e ¼ ADGb
kT

b
d

� �p r
G

� �n
ð1Þ
where _e is the steady-state creep rate, A is a dimensionless constant, D is the diffusion coefficient, G is the shear modulus, b is
the magnitude of Burgers vector, k is the Boltzmann constant, T is the absolute temperature, d is the grain size, r is the creep
stress, p is the inverse grain size exponent, and n is the creep stress exponent. It has been reported that nc materials can
. All rights reserved.
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exhibit creep behavior even at ambient temperature, mainly due to their very high fraction of grain boundaries (and triple
junctions) that act as effective diffusion path and strong source/sink of dislocations (Chen et al., 2003; Gianola et al., 2006;
Kottada and Chokshi, 2005; Kumar et al., 2003b; McFadden et al., 1999; Rupert et al., 2009; Shan et al., 2004; Van Swygenho-
ven et al., 2002a; Wang et al., 1997; Zhang et al., 2004).

Recently, the mechanical behavior of nc-materials at the nanoscale has emerged as an interesting research direction. In
addition to fundamental scientific relevance, the combined effects of both grain size and deformation volume size on
mechanical characteristics in nc materials have technological importance in their possible applications to small-scale struc-
tures including the components of micro-electromechnical systems or MEMS (Baghbanan et al., 2006; Gruen, 1999; Tjong
and Chen, 2004; Wang et al., 2002). From the engineering viewpoint, the knowledge for time-dependent plasticity at ambi-
ent temperature is essential for reliable operating and life-time prediction of such nc-material-based components; but the
room temperature (RT) creep behavior of nc-materials at the nanoscale has not been fully investigated.

The time-dependent deformation behavior of nc-materials has been analyzed through various experiments such as ten-
sile/compression (Blum and Li, 2007; Dalla Torre et al., 2002, 2005; Gu et al., 2007; Kottada and Chokshi, 2005; Li et al., 2007;
Pan et al., 2007; Prasad and Chokshi, 2010; Shen et al., 2008; Wang and Ma, 2004; Wang et al., 1997, 2006, 2010; Yin et al.,
2001) and nanoindentation (Choi et al., 2011; Gu et al., 2007; Ma et al., 2008a, 2008b; Maier et al., 2011; Schwaiger et al.,
2003; Wang et al., 2009, 2010) or simulations including finite element analysis and molecular dynamics (Van Swygenhoven,
2002b; Yamakov et al., 2004). Among the methods, nanoindentation creep test (for example, see Choi et al., 2011, 2012;
LaFontaine et al., 1990; Lucas and Oliver, 1999; Ma et al., 2008a,b; Mayo and Nix, 1988; Mayo et al., 1990; Yoo et al.,
2010a,b) may be the most popular for nano-/micro-scale creep characterization due to many advantages; i.e., testing proce-
dure is simple and easy to set up, and only a small volume of material is needed. Although there are many different types of
nanoindentation creep testing methods such as constant displacement test (LaFontaine et al., 1990), constant loading rate
test (Mayo and Nix, 1988), and constant strain rate test (Lucas and Oliver, 1999), the most popular method is constant load
test (Mayo et al., 1990) using a sharp indenter like a three-sided pyramidal Berkovich indenter having a centerline-to-face
angle of 65.3�. However, some critical difference in data between indentation creep and uniaxial creep has been reported;
e.g., the values of creep stress exponent, n of Eq. (1) (which can be a valuable indicator for creep mechanism) estimated
by the constant-load indentation creep experiments have been much higher than the values from the uniaxial creep test
(Choi et al., 2011; Ma et al., 2008a,b), which makes it difficult to judge whether the nanoindentation creep tests provide reli-
able values or not.

There are many possible reasons for the difference in the quantitative data between uniaxial creep and nanoindentation
creep, and they can be categorized into two groups (Choi et al., 2012). First of all, there can be some reasons associated with
self-similar geometry of a sharp tip: For example, according to classic contact mechanics, an indentation with a given sharp
tip exhibits unique indentation strain (ei = 0.2tanb, where b is the inclination of the indenter face to the sample surface (John-
son, 1985)) and stress that are virtually unchanged during indentation creep test. Additionally, the difficulty in applying low
stress below the yield strength (if the tip is not blunted) and the presence of indentation size effect (ISE, which is manifested
as an increase in hardness with decreasing indentation depth for a sharp indentation; see the review by Pharr et al., 2010)
also complicate the creep analysis. In our previous nanoindentation creep study on nc-Ni (Choi et al., 2011), we reported that
these sharp-tip related issues can be overcome by adopting a spherical indenter instead of a Berkovich tip.

However, there are still second, and more fundamental, reasons causing the difference in data between nanoindentation
creep and conventional uniaxial creep (Choi et al., 2012); the stress state underneath the indenter is much more complicated
than uniaxial stress condition in the conventional uniaxial creep tests. Also, it is noteworthy that the proportionality ‘con-
stants’ for relating hardness H to stress r and the contact area A to square indentation depth h2 may not be constant and be
seriously affected by hardness-to-modulus (H/E) ratio which changes during creep (Stone et al., 2010). In an attempt to solve
these fundamental issues, here we performed uniaxial compression creep tests at RT and under low stresses (<the nominal
yield stress) with nano-/micro-pillar sample of nc-Ni. Note that Wang et al. (Wang et al., 2010) conducted some early work of
pillar creep test, but their testing conditions were limited to a high temperature (398 K) and a specific load (5 mN that cor-
responds to �1.6 GPa) and pillar size (diameter d = 2000 nm). In the present study, through a series of experiments on var-
ious-sized pillars under different low stresses (well below the yield strength of the pillars), we systematically explore the RT
creep behavior of nc-Ni in terms of the nanoscale creep mechanisms and the size effect on creep.

2. Experimental details

The used material was electrodeposited nc-Ni foil of 150 lm thickness with an average grain size of 30 nm (Wang et al.,
2006). Micro-/nanopillars having three different diameters (�600, 1000, and 2000 nm) were fabricated through the focused
ion beam (FIB) milling with a Nova 200 NanoLab (FEI Co., Hillsboro, OR, USA) following the method described by Kim and
Greer (2009). More than 20 pillars for each diameter were fabricated by top-down ion beam patterning with the final ion
current of 10 pA and at a constant ion accelerating voltage of 30 kV. The pillars were made to reside at the center of a
50 lm crater, which provides enough space for the indenter to come down on the sample during the test without contacting
the crater rim. The aspect ratio in all pillars was maintained at �2–3 so that the relative contributions from friction and con-
straint at the ends of pillars remain constant.

Time-dependent deformation experiments were performed using the Nanoindenter-XP (Agilent Corp., Oak Ridge, TN,
USA) with a FIB-milled cylindrical diamond punch whose top diameter is �14 lm. A major issue while conducting creep
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experiments with a nanoindenter is the thermal drift. To avoid any possible experimental artifacts associated with it, ther-
mal drift was maintained below 0.05 nm/s. Prior to the creep segment, a preload was applied (the applied stress is the same
as the applied creep stress) so as to minimize the effects of the rounded top surface (i.e., the partly rounded top of a pillar can
be flattened even by applying low loads due to the influence of local stress concentration; see Yoo et al., 2012) or possible
misalignment of the pillars. During the creep test, the load was increased up to the desired maximum stress level (i.e., 400,
600, 800, 1000 MPa, respectively) at a fixed loading rate, (dP/dt)/P = 0.05 /s, then held for 200 s, and finally removed at the
same rate as the loading segment. The holding time was chosen in consideration of the thermal and the instrumental drift
(Yoo et al., 2010a). More than three tests were conducted for each testing condition, to insure the reproducibility of our re-
sults and minimize the effects of possible misalignment (and related friction). Morphology of each pillar was imaged before
and after creep test using scanning electron microscopy (SEM), JSM-6330F (JEOL Ltd., Tokyo, Japan).

3. Results

3.1. SEM images

Fig. 1 shows typical SEM micrographs of the pillars taken before and after the creep experiments conducted at a stress of
1000 MPa, the highest stress level of creep experiments in the present study. An inevitable consequence of utilizing the top-
down FIB fabrication procedure is that all pillars have a small amount of vertical taper, on the order of�3�. However, in these
pillars, the top-down FIB fabrication has obvious merits since it minimized FIB-induced surface damage because the side-
walls of the pillars are exposed to the ion beam only at the glancing angle. Additionally, diameters of the pillars in this study
of 600, 1000, and 2000 nm are relatively larger than those of previous work down to 100 nm (Jang and Greer, 2011) so that
effects of tapering geometry or FIB-induced surface damage on size effect could be minimized. It is also noteworthy that,
very recently, Schwaiger et al. (2012), who simulated microcompression of ultrafine-grained Ni pillars (with or without ta-
per), reported that the effect of the taper on the load-displacement behavior is relatively small in the elastic regime vis-à-vis
the plastic regime. Since the applied stress in our work is below the yield strength, one may expect that the taper effect is not
so pronounced and may not change the main results of this work.

As seen in Fig. 1, in all pillars, almost uniform deformation was observed (without shearing, bending, or barreling), which
indicates that the creep deformation may be accommodated by the whole body of the pillar, in contrast to the inhomoge-
neous slips detected in single crystalline metals (Greer et al., 2005; Uchic et al., 2004).

Note that the ‘orange peel’- or ‘fish skin’-like surface of the pillars in Fig. 1 is generally observed in nanocrystalline pillars
that do not exhibit a smooth surface (like single crystal pillars) due to the different energy state of the matrix and grain
boundaries. An intriguing feature in Fig. 1 is the phenomenon is more pronounced in crept sample than in non-crept sample
(that was only pre-loaded for minimizing artifact). This indicates grain boundary sliding and/or grain boundary diffusion
may play an important role in the creep of pillars, which is in agreement with our findings through estimations of stress
exponent and activation volume (to be discussed in Section 4.1).

3.2. Engineering stress-strain curves

In Fig. 2(a), representative curves (for diameter d = �600 nm) of load (P) vs. displacement (h) obtained from creep exper-
iments are provided. From the recorded P–h data, the engineering stress (r) and engineering strain (e) in Fig. 2(b) were cal-
culated as r � P/[p (d/2)2] and e � h/l0, respectively, where l0 is the initial height of pillar and the pillar diameter d was
empirically determined as the diameter measured at �30% of the pillar height from the pillar top for considering tapering
effect. Overlapping of the loading portion of the curves in a single line indicates that the stress applied at the onset of creep
is within the nominal elastic strain regime.

Important feature in the figure is that the creep indeed occurs at room temperature, and exhibits a displacement up to
�20 nm (for 200 s load-holding) at stresses well below the nominal yield strength of the pillars (�1.2–1.5 GPa, measured
through uniaxial compression). The total amount of creep strain at holds is found to significantly increase with the applied
stress in the range of �2 � 10�4–9 � 10�3. This stress-dependency of the creep strain indicates that the observed creep
behavior is not an artifact caused by thermal drift which does not depend on load and thus stress (Yoo et al., 2012). Note
again that previous nanoindentation creep tests with a sharp indenter were made in the plastic strain regime, which may
differ from the conventional uniaxial creep tests under stresses below the nominal yield stress. One can gain a hint for this
low-stress RT creep from some early works in the literature suggesting that the microscopic/incipient plasticity in nano-
structured materials occurs at a stress level that is well below (often <50% of) their macroscopic yield stress (e.g., see Wang
et al., 2007).

3.3. Creep curves

Fig. 3 provides representative examples of creep strain, ecreep, vs. holding time, t, plots. The curves are mostly parabolic in
nature, which is similar to the typical high-temperature creep curve of metals and alloys (Dieter, 1988; Kassner and Pérez-
Prado, 2004); the creep curves consist of two regimes in the early stages: transient (primary) creep regime and steady-state
(secondary) creep. It is clear that a large portion of creep strain was produced in primary creep regime. In addition to the



Fig. 1. Representative SEM images of pillar before (a), (c), (e) and after (b), (d), (f) the creep test at r = 1000 MPa; (a), (b) for 2000 nm, (c), (d) for 1000 nm,
and (e), (f) for 600 nm. Note the magnification disparity of each image.
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stress-dependency of creep strain mentioned in previous section, this two-regime behavior also supports our suggestion that
the creep is not caused by thermal drift, because thermal drift is expected to induce approximately a linear relation between
strain and time instead of this two-regime relation. Note that, in Fig. 3, a large portion of creep strain is produced in early
stage of creep or within 50–100 s (i.e., in primary creep regime).

The influences of d and r on the creep amount are summarized in Fig. 4(a) where the total creep strain, etotal, is plotted as
a function of d. For clarity, the results obtained with the lowest and highest stress (400 and 1000 MPa, respectively) are sep-
arately shown in the inset of the figure. Two trends are clear in the figure: First, for a given r, etotal increases with decreasing
d. Second, for a given d, etotal increases with increasing r.

While only the change in engineering creep strain (that is, the creep displacement divided by pillar height) is shown in
Fig. 4(a), one can argue that the size effect in Fig. 4(a) is possibly a drift-induced artifact because the same amount of thermal
drift will lead to higher creep strain for a pillar having smaller height. However, this hypothesis can be ruled out by Fig. 4(b)
where not only the strain but the net value of total creep displacement is also significantly affected by d and r in the same
manner. Thus, Fig. 4(b) suggests that, while the absolute values of the creep strain reported here can be somewhat affected
by the thermal drift, the observed size effect (i.e., smaller pillars have higher creep strain) is realistic.



Fig. 2. Representative data from uniaxial compression pillar creep experiments (for d = �600 nm); (a) load vs. displacement curves, and (b) engineering
stress vs. engineering strain curves.

Fig. 3. Examples of creep strain vs. time curve: (a) effect of the applied stress; (b) effect of the pillar size.

Fig. 4. Effects of d and r on the total creep amount; (a) the total creep strain vs. d (for clarity, the cases at 400 and 1000 MPa are shown separately in the
inset figure), and (b) the total creep displacement vs. r.
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3.4. Creep rate curves

The steady-state creep strain rate _e in Eq. (1) is an important quantitative measure of the creep behavior (Dieter, 1988;
Kassner and Pérez-Prado, 2004). Here, the _e was estimated by fitting the creep curves (in Fig. 3) according to Garofalo’s math-
ematical fitting equation originally suggested for conventional tensile creep analysis (Dieter, 1988):



Fig. 5.
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ecreep ¼ e0 þ að1� e�rtÞ þxt ð2Þ
where e0 is an instantaneous strain during loading (which is 0 here; see Fig. 3), and a, x, r are creep constants: physical
meaning of a and x may be the limit of transient creep strain and the steady-state creep rate, respectively, and r is the ratio
of transient creep rate to the transient creep strain. By differentiating Eq. (2) with respect to t, the logarithmic change in _e
was obtained as a function of time or creep strain. Typical examples are provided in Fig. 5(a) and (b) for the same data of
d � 2000 nm, suggesting the possibility of close approach to the steady-state condition, although it is theoretically implau-
sible to reach the steady-state condition during short holding time (200 s). Note that the ‘quasi-steady-state’ strain rates
(�10�6–10�5 s�1) we observed here is higher than those in conventional uniaxial experiments (Wang et al., 1997; Yin
et al., 2001). Fig. 5(c) summarizes the variation in quasi-steady-state strain rate (determined as the _e value at t = 200 s) with
both d and r. Similar to the trends in Fig. 4(a), higher _e is clear for smaller d and higher r.

4. Discussion

4.1. Stress exponent, activation volume, and creep mechanism

Estimating the dominant creep mechanism is essential for better understanding the nanoscale viscoplasticity of nc-Ni. A
useful indicator for the dominant creep mechanism is the creep stress exponent n (=@ log _e

@ logr) of Eq. (1); i.e., n = 1 for diffusion

creep such as Nabarro–Herring creep (by lattice diffusion) and Coble creep (by grain boundary diffusion), n = 2 for grain
boundary sliding, and n = 3–8 for dislocation creep (Dieter, 1988; Kassner and Pérez-Prado, 2004). Fig. 6 shows the logarith-
mic changes in steady-state strain rate with the applied stress, where the stress exponent n can be calculated from a slope of
log( _e) and log(r). From a linear fitting of only the ‘average points,’ the n is determined as 1 for d = �600 nm, 1.13 for
d = �1000 nm, and 1.89 for d = �2000 nm. However, it is difficult to deterministically state that the stress exponent
Representative results of strain rate; (a) typical example (for d = �2000 nm) of logarithmic creep strain rate vs. time; (b) logarithmic creep rate vs.
train, which is converted from (a); (c) variation in the quasi-steady-state creep strain rate as a function of pillar diameter (with inset figure showing
es at 400 and 1000 MPa).
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decreases with reducing pillar diameter because there is the data fluctuation as shown in Fig. 6 and thus the exponent can
vary by selecting different points. It may be more reasonable to say that the stress exponent is in the range of 1–2.

To compare our results with the stress vs. strain rate relations in the literature, we summarize the creep stress exponent n

and strain rate sensitivity SRS;m ¼ @ logr
@ log _e

� �
data of nc-Ni obtained from various experiments (see Table 1). All nc-Ni samples

listed in the table were prepared by either electrodeposition (ED) or pursed ED process (the latter case is marked with ⁄). As
seen in the table, (to our best knowledge) only two original papers (Wang et al., 1997; Yin et al., 2001) reported the RT creep
stress exponent of nc-Ni through conventional uniaxial tensile creep experiments. At RT, Wang et al. (Wang et al., 1997) re-
ported n = �1.18 for the grain size d of 6 nm, n = �2 for both d = 20 and 40 nm (low stress case), and n = �5.3 for d = 40 nm
(high stress case), while Yin et al. (Yin et al., 2001) found n = �1.1 for 30 nm-sized nc-Ni. The n value (1–2) from our pillar
creep tests of 30 nm-sized sample under stresses below nominal yielding stress is similar to these data, which suggests that
the low-stress-induced creep in the present study is likely dominated by diffusion-controlled mechanisms such as GB sliding
and GB diffusion rather than the dislocation activities. Note that, despite similar n, the strain rates in Fig. 6 (�10�6–10�5) is
much higher than �10�9–10�8 in the literature (Wang et al., 1997; Yin et al., 2001), which may be partly due to the differ-
ence in loading type and the imperfect pillar geometry for uniaxial loading (such as small taper of �3�), but mostly due to
sample size effect (as expected from Fig. 4(a)). We will revisit this issue in the following section.

It is noteworthy that the n of Eq. (1) has been often estimated from the SRS (m of r ¼ Kð _eÞm which is obtained through
either multiple uniaxial tests at various strain rates or strain-rate-jump tests) by simple conversion, n = 1/m. However, we
notice that there can be two critical issues arising from such simplified conversion. First, mechanical environments for deter-

mining n and m are seriously different from each other. As the definition of m is @ logr
@ log _e

� �
e;T

, the key data are the change in

‘stress’ measured at a given ‘strain’ and temperature. Although equations look similar, however, the n ¼ @ log _e
@ logr

� �
r;T

is obtained

from uniaxial creep tests where the change in ‘strain’ is monitored at a given ‘stress’ and temperature. Second and more
importantly, there is the serious difference in applied stress level; the SRS tests are conducted at plastic stress regime,
but conventional creep tests are performed well before the macroscopic yielding point (as in the present work). This differ-
ence in stress level could conceivably result in different deformation mechanism.

Another important clue for the creep mechanism can be gained by analyzing the activation volume of the event. Since the
creep behavior is a thermally activated process regardless of its mechanism, the strain-rate dependency of the nanoscale
creep event in Eq. (1) can be re-described in a simple Boltzmann form:
c
�
¼ c
�

0 � exp �DG�

kT

� �
¼ c
�

0 � exp �DF� � sV�

kT

� �
ð3Þ
where DG⁄ is the Gibbs free energy of activation, c
�

0 is the attempt frequency, DF⁄ and V⁄ are the Helmholtz activation free
energy and activation volume of the event, respectively, and s is the applied shear stress acting on V⁄. From this equation
with the von Mises yield criterion, the activation volume can be estimated as
V� ¼
ffiffiffi
3
p

kT
@ ln _e
@r

� �
¼

ffiffiffi
3
p

nkT
r

ð4Þ
showing that high n can be related with large V⁄. By employing the representative n from ‘average’ data points in Fig. 6
(i.e., n = 1, 1.13, and 1.89 for 600, 1000, 2000 nm, respectively), the V⁄ is calculated, and is shown in Table 2 normalized to the
cube of Burgers vector of nickel (b = 0.249 nm). In Table 2, the V⁄ increases in the range of 0.5–2.2b3 with decreasing stress
Fig. 6. Strain rate vs. stress relation to estimate the stress exponent n.



Table 1
Stress exponent and strain rate sensitivity measured from various tests. The samples were prepared by either electrodeposition or pulsed electrodeposition (in
the studies marked with ⁄). (T, tension; C, compression; I, indentation; GBA, grain boundary activities including GB sliding, GB migration, GB rotation and/or GB
diffusion; DC, dislocation creep including glide and climb.)

d (nm) T (K) Testing
method

Stress
(GPa)

Strain rate (s�1) n m Mechanism Ref.

30 RT C 0.4–1.0 �10�6–10�5 1.0–2.0 GBA This study
6 RT T 0.5–1.0 �10�6–10�7 1.18 GBA Wang et al. (1997)
20 RT T 0.5–1.2 �10�9–10�8 2 GBA Wang et al. (1997)
40 RT T 0.5–1.2 �10�10–10�8 2 DC Wang et al. (1997)

5.3
30 RT T 0.5–1.05 �10�9 1.1 GBA Yin et al. (2001)⁄

20 RT T 1.4–2.6 �10�5–10�2 0.01–0.03 – Dalla Torre et al. (2002)
�103 0.47

30 77, RT T 1–1.15 0.02 DC Wang and Ma (2004)⁄

21 RT T 0.8–2.0 �10–5–10�4 0.015–0.035 DC Dalla Torre et al. (2005)
37 RT T 1.2–2.0 �10�6–100 0.016–0.045 DC Shen et al. (2008)
20 RT C 2.0–2.4 �10�3–10�2 0.02–0.03 GBA Pan et al. (2007)
25 RT, 373 C 1.3–1.7 �10�5–10�3 8–100 DC Blum and Li (2007)⁄

25 RT-474 C 1.5–1.7 �10�5–10�3 0.01–0.05 DC Li et al. (2007)⁄

80 RT-474 C 0.8–1.1 �10�6–10�3 0.009–0.06 DC Li et al,.(2007)⁄

20 RT I 1.7–2.0 �10�3–10�1 0.033 DC Gu et al. (2007)
T 1.5–1.9 �10�5–10�1 0.016

25 RT I 1.8–3.8 �10�2–10�4 20–140 GBA, DC Ma et al. (2008a)
30 RT I 0.4–0.9 �10�8 1.02–1.85 GBA Choi et al. (2011)
25 RT I 1.4–1.8 �10�4–10�2 0.019 DC Maier et al. (2011)⁄

19 573–777 T 0.01–0.1 �10�3–100 �0.8 GBA Prasad and Chokshi (2010)
30 373 T 0.5–1.05 �10�7–10�8 6.5 DC Yin et al. (2001)⁄

15 77–363 T 0.9–1.5 �10�8 0.0025–
0.035

DC Wang et al. (2006)

40 373 C 1.0–2.0 �10�8–10�4 8–12 GBA, DC Kottada and Chokshi
(2005)

60 398 I 1.3–1.8 �10�2–10�3 5.78 DC Wang et al. (2010)
C 1.3–1.8 �10�4–10�5 5.13

44–77 348, 398, 448 I 0.6–2.0 �10�3 3.11–
14.81

DC Wang et al. (2009)

Table 2
The activation volumes estimated for different stress and pillar size. (b = 0.249 nm.)

Creep stress (MPa) Diameter (nm)

600 1000 2000

400 1.15b3 1.30b3 2.18b3

600 0.77b3 0.87b3 1.45b3

800 0.58b3 0.65b3 1.09b3

1000 0.46b3 0.52b3 0.87b3

60 I.-C. Choi et al. / International Journal of Plasticity 41 (2013) 53–64
and increasing pillar size. While the stress-dependency can be expected from Eq. (4), the increasing volume with the pillar
size may not have physical meaning because the volumes in Table 2 are calculated using average n values without consid-
eration of possible fluctuation we mentioned earlier. However, if this trend of size-dependency holds valid, it may be partly
explained by the uniform deformation of the pillar observed in SEM images of Fig. 1; i.e., the deforming volume for the time-
dependent plasticity is proportional to the volume of a pillar.

The most important feature in the data is that the estimated V⁄ is mostly less than 2b3 or sometimes close to one atomic
volume (�b3), which may suggest the mechanisms of GB diffusion, i.e., GB sliding or even Coble creep (Wang et al., 2006).
These V⁄s are certainly much smaller than those estimated from SRS test of nc-Ni at RT, �10b3 (Wang et al., 2006), corre-
sponding to the dislocation-mediated flow, and instead, somewhat close to those for the nanoindentation-induced hetero-
geneous nucleation of dislocations in a metal (�0.5b3) where vacancy can play a significant role (Schuh et al., 2005). In
addition to the n estimation (i.e., 62), the V⁄ calculation may support that the low-stress-induced creep deformation at
RT here is dominated by diffusion-controlled mechanisms instead of dislocation creep. The different V⁄ of this work from
the previous SRS experiments may be due to the different stress level in a similar way as we explained the difference in
the n and m above. The general picture of low-stress creep mechanism in the present study is in an agreement with an expec-
tation from deformation mechanism maps for nc-Ni (constructed in terms of stress vs. temperature (Wang et al., 1997) or
stress vs. grain size (Mohamed, 2011)) of which GB-mediated deformation mechanism including GB sliding, GB migration,
GB rotation, or Coble creep is preferred in the target regime. We note again, however, that the creep strain rate observed in
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our experiments (10�6–10�5 s�1) is substantially higher than those previously reported for RT creep of nc-Ni, 10�9–10�8 s�1

(Gruen, 1999; Sherby and Wadsworth, 1989), which implies that the diffusion-controlled mechanisms seen in our experi-
ments may be different from conventional mechanisms of Coble creep and GB sliding. Despite certain limitations of the
microcompression creep experiments (e.g., thermal drift and quasi-steady-state approach), the free surface (a special inter-
face) in our pillars appear to conceivably play a role in enhancing the creep strain rate (to be discussed in the following
section).

4.2. Pillar size effect on the nanoscale creep

The above observation implies that the creep behavior is more pronounced for a smaller pillar; total creep strain
(Fig. 4(a)) and steady-state-like strain rate (Fig. 5(c)) dramatically increases with reducing pillar size. This trend becomes
clearer if the data are compared with bulk data. For example, as mentioned above, the strain rates in the present study
(�10�6–10�5) is much higher than those from bulk test at RT, �10�9–10�8 (Wang et al., 1997; Yin et al., 2001), although
the n values are similar. Our data is also higher than theoretical values for GBS and Coble creep that can be calculated as
(Coble, 1963; Lüthy et al., 1979)
_eGBS ¼ 2� 105DGB
Gb
kT

b
d

� �3 r
G

� �2
ðin=sÞ ð5Þ

_eCoble ¼ 148
rXdDGB

pd3kT
ðin=sÞ ð6Þ
Since the GB diffusion coefficient DGB can be given as (Frost and Ashby, 1982)
DGB � 4� 10�5 exp �66:4Tm

RT

� �
ðin m2=sÞ ð7Þ
it is possible to estimate the strain rates by putting proper values of the relevant parameters for nickel (atomic volume
X = 1.09 � 10�29 m3, shear modulus G = 78.9 GPa, melting temperature Tm = 1726 K, effective diffusive thickness of GB
d = 2b), Boltzmann constant k and gas constant R into the equations. The calculated values are 4.6 � 10�9–2.9 � 10�8 s�1

for GBS and 3 � 10�10–7.5 � 10�10 s�1 for Coble creep. Therefore, it is obvious that there is a significant discrepancy between
strain rate predicted for bulk case and the strain rate measured at the nanoscale; i.e., the measured values are much higher
than predicted ones.

A pertinent question arising at this point is what is the physical phenomenon that leads to the enhanced creep in smaller
pillars? A clue for the answer can be gained by considering the increased contribution of free surface in the pillar specimens
vis-à-vis the bulk samples. The reason for the size effect in our hypothesis is two-fold. First possible cause for the size effect is
based on the fact that the free surface itself is very effective diffusion path. Although the diffusivity of the so-called ‘short
circuit diffusion’ along surface in a crystalline metal may vary depending on the crystallographic orientation, it is often
approximated by summarizing the data in a random direction and given as (Gjostein, 1973; Gleiter and Chalmer, 1972;
Nishizawa, 2008),
Dsurf � 7� 10�6 exp �56Tm

RT

� �
ðin m2=sÞ ð8Þ
By putting Tm = 1726 K and T = 298 K into Eqs. (7) and (8), we could estimate Dsurf � 7.98 � 10�23 m2/s and
DGB � 3.26 � 10�25 m2/s for the bulk sample and thus the ratio of Dsurf/DGB is higher than 200. This large ratio suggests that
the surface (area)-to-volume ratio (SVR), can significantly affect the creep characteristics of the pillars. By assuming a perfect
cylindrical geometry for the pillars, here the SVRs are calculated as 2.2 � 10�3, 4.3 � 10�3 and 7.2 � 10�2 /nm for d = �2000,
1000 and 600 nm, respectively. From this, one may expect that the rapid increase in SVR with reducing pillar size will dras-
tically enhance creep strain and strain rate.

Second possibility (or to a much less extent) may be related to the previous suggestion that Tm of a nanomaterial having d
of a few nanometer can decrease with increasing SVR (Ahmad and Murr, 1976; Couchman and Jesser, 1977; Goldstein et al.,
1992; Guisbiers and Buchaillot, 2008). For the sake of completeness, we discuss this effect here. According to reference
(Goldstein et al., 1992), the trend can be describable as
Tm ¼ Tm;bulk 1þ cl � cs

DHm;bulk

� �
A
V

� �
ð9Þ
Tm,bulk is the Tm of bulk-scale, cl and cs is surface energy of liquid and solid respectively, DHm,bulk is bulk melting enthalpy,
and A/V is the SVR. If Eq. (9) can be extrapolated to a bigger size (although low possibility), a ‘slight’ change in Tm is expected
by reducing pillar size (i.e., increasing SVR). In consideration of the values for pure nickel (cl = 1.78 J/m2, cs = 2.05 J/m2

(Guisbiers and Buchaillot, 2008), and DHm,bulk is 17,470 J/mol), we could obtain the Tm of each pillar as 1722, 1718,
1713 K for diameter of 2000, 1000 and 600 nm, respectively. The decrease in Tm is indeed very small but could in principal
lead to higher homologous temperature (T/Tm) where creep rate enhances. Alternatively, this can be understood in terms of



Table 3
The summary of calculated diffusivity for surface and grain boundary diffusion.

Diameter [nm] Tm [K] Dsurf [m2/s] DGB [m2/s]

600 1713 1.07 � 10�22 4.62 � 10�25

1000 1718 9.53 � 10�23 4.01 � 10�25

2000 1722 8.72 � 10�23 3.62 � 10�25

Bulk 1726 7.98 � 10�23 3.26 � 10�25
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creep activation energy; according to Q = CTm where Q is the activation energy and C is the material’s constant independent
of size, the creep activation energy in principal decreases with reducing Tm (but is clearly too small to consider). As men-
tioned above, the values of both Dsurf and DGB rapidly increase with reducing pillar size (and thus Tm), as listed in Table 3.
For any case in the table, the ratio of Dsurf/DGB is higher than about 200, which could be the primary reason for a more pro-
nounced creep behavior for a smaller pillar (having higher SVR). Finally but not surprisingly, we would like to point out that
grain growth was not observed in our creep tested samples due to the low stresses in our experiment and impurities intrinsic
to electrodeposited nc-Ni (Wang et al., 2012a). Therefore, the grain growth related mechanisms are not applicable to our
discussions.

5. Conclusions

Low-stress-induced nanoscale creep of nc-Ni at RT was systematically explored through compression creep experiments
performed on nano-/micro-pillars (having diameters of 600, 1000, and 2000 nm). It was revealed that the creep indeed oc-
curs at ambient temperature and at the stresses that are well below the nominal yield stress of the pillars. The postmortem
SEM analysis suggests that the creep deformation is uniform in nature. The total creep strain and quasi-steady-state creep
strain are significantly affected by both the applied stress and the pillar size; i.e., with increasing stress or decreasing pillar
diameter, the creep behavior was largely enhanced. Estimation of the stress exponent and the activation volume for the
creep event suggests that the nanoscale RT creep at low stress (below nominal yield stress) may be dominated by diffu-
sion-controlled mechanisms such as free surface assisted GB diffusion and GB sliding. The more pronounced creep plasticity
for smaller pillar is rationalized in consideration of enlarged contributions of free surface at the pillar experiments.
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